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ABSTRACT 

by 

KARL R. ZIEGLER & JOHN F. WALLACE 


Inconel Alloy 718 is a Nickel -Iron-base superalloy strengthened 
by the precipitation of the metastable Ni^cb-y" phase. Large 
coherency strains between y" and the matrix result in a slow precipi- 
tation rate and an intermediate maximum use temperature. The 
combination of slow precipitation rate and the relative formability 
and machinability of Alloy 718 make it a popular material for the 
fabrication of superalloy components. The dependence on foreign 
sources of Cb has pointed out the desirability of reducing the Cb 
content of Alloy 718 while maintaining the tensile and stress-rupture 
properties of the original alloy. The purpose of this investigation 
was to determine the effects of reduced Cb, and substitutions for 
Cb, on the properties of Alloy 718. 

A series of alloys was developed having a base composition simi- 
lar to Alloy 718, with reduced Cb levels of 3.00 and 1.10 wt% Cb. 
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Substitutions of 3.0% W, 3.0W + 0.9V or Mo increased from 3.0 to 5.8% 
were made for the Cb in these alloys. Two additional alloys, one 
containing 3.49% Cb and .1.10% Ti and another containing 3.89% Cb and 
1.27% Ti were also studied. Solution and age heat treatments were 
optimized for each alloy to develop a proper microstructure. Some 
alloys were also processed by direct aging for substitution in the 
high strength applications of the standard alloy. Tensile properties 
at room and elevated temperatures, stress-rupture tests and an 
analysis of extracted phases were carried out for each of the alloys. 

The reduction in Cb content required the substitution of other 
elements to maintain the properties of the original alloy. Additions 
of solid solution elements to a reduced Cb alloy had no significant 
effect on the properties of the alloys under either process condition. 
The solution and age alloys with substitutions of 1.27% Ti at 3.89% Cb 
had tensile properties similar to those of the original alloy and 
stress-rupture properties superior to the original alloy. The im- 
proved stress-rupture properties were the result of significant 
precipitation of Nigji-Y' in the alloy, which is more stable than 
y" at the elevated temperatures. At lower temperatures the new alloy 
benefits from the y" strengthening. With more precise control and 
proper processing, the reduced Cb direct-age alloy could substitute 
for Alloy 718 in high strength applications. 
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INTRODUCTION 

This investigation was undertaken to determine the structure and 
property aspects of chemistry variation in a Ni-Fe-base superalloy. 
Following is a review of the metallurgy of superalloys in general 
and of Inconel Alloy 718 specifically. A description of the purpose 
of the investigation follows the review. 

LITERATURE REVIEW 


Superalloy History 

Alloys for high temperature applications have been in use since 
the 1930 's. The advances in superturbocharged piston engines, and 
then jet engines, have increased the demands on component materials 
(Figure 1). The so called “superalloys" were developed from the 
precipitation hardening stainless steels. The major advance was the 
increase in Ni to stabilize the austenite matrix at high tempera- 
tures. The base elements of superalloys are from Group VII IA of the 
periodic table. The elements Ni, Fe and Co, together or separately, 
form the matrix. These elements lack a single d-band electron, 
making them tolerant of large alloying additions. When a binary 
alloying element is added this band is filled, forming a stable 
solution. The solubility of other metals in Ni , Fe and Co are high 
(1). These base elements always form an FCC matrix, which is also 
tolerant of additions. 



2 


Three groups of superalloys are based upon the dominant matrix 
element. The groups are: Co-base, Ni-base and Ni-Fe-base 

superalloys. This review will concentrate on Ni- and Ni-Fe-base 
superalloys. These alloys could be further separated according to 
their use condition - cast or wrought. The addition of Fe to 
Ni-base alloys promotes precipitation in wrought superalloys and 
promotes formability (2). Ni-base alloys contain at least 25 wt. % 

Ni to ensure an FCC matrix (austenitic), subsequently referred to as 
y (gamma) phase. Limited Co additions are possible to reduce the Ni 
requirement and raise the use temperature. Some Ni-Fe-base alloys 
contain more Fe than Ni (Table I). 

Strengthening of Superalloys 

In Ni and Ni-Fe base super alloys, strength is provided by two 
mechanisms. Each mechanism is enhanced through the addition of 
specific elements, yet each element has an effect on both mechanisms. 
Solid solution strengthening elements such as Cr, Mo, A1 and W have 
atomic volumes much different than the matrix elements and expand 
the matrix lattice. The most likely candidate elements for solid 
solution strengthening have atomic sizes 1 to 13% larger than the 
matrix elements. Larger atomic sizes are not tolerated within the 
matrix lattice (4,5,6). The ability of an element to be accepted as 
a solute also depends on the solute-solvent valencies. Solid 
solution strengtheners increase the flow stress of a material by 
imposing strains on the matrix lattice. These strains increase the 
energy required to move dislocations through the matrix (4). This 
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energy Is provided by a stress or by temperature. Solute elements 
can alter the stacking fault energy (SFE) of the material, 
increasing the flow stress. Solute atoms can develop short range 
order, increasing the entropy of the system. This increases the 
energy input required to disrupt the order, increasing the flow 
stress (5,7). Short range order decreases with temperature, so this 
contribution to strengthening is sensitive to the thermal history of 
the material. The mechanical properties of the solute elements will 
influenece the flow stress. Elements with a high modulus, strength, 
flow stress, ductility, etc. will inhibit dislocation movement, 
increasing the flow stress of the material. The quantitative 
effects of the more potent superalloy solid solution strengtheners 
are shown in Figures 2 and 3. The elements that exert the greatest 
influence on the matrix lattice (as a binary addition to Ni ) are W 
and Mo. They also change the room temperature flow stress more than 
other elements. A1 provides substantial solid solution effects but 
is more potent as a precipitation hardening element in Ni-base 
superalloys. Elements such as C, B and N can provide solid solution 
effects by their tendency to occupy interstitial sites in a lattice 
(4,8). While C and B influence material properties more through the 
formation of carbides and borides, respectively, interstitial N can 
be a significant solid solution strengthener in superalloys. 

The greatest contribution to Ni- and Ni-Fe-base superalloy 
strength is the precipitation of an ordered, coherent FCC and/or BCT 
phase. The stable or metastable FCC phase has an AgB chemistry 
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and an LI 2 structure (9,10). In Ni- and Ni-Fe-base superalloys, 
this phase is Ni 3 Ti and/or Ni 3 Al, referred to as y‘ (gamma 
prime). The BCT precipitate, based on Ni 3 v, has a D0 2 2 structure 
(11,12,13,14). This precipitate is called y" (gamma double prime) 
(Figure 4). The chemistry of the precipitate is subject to some 
controversy. Some investigators report a Ni x Cb (x = 2. 5-2.8) 
composition while others propose Ni 3 cb (16). Disagreement also 
exists over the elements contained in the BCT structure. There are 
indications that only Cb is present (17) while others show that A1 
and Ti can substitute for some Cb in the same manner as for y' (6). 
It has been determined that, in Ni-Fe-base superalloys, Ni 3 Al- y* 
does not precipitate alone (2). A1 can substitute into the 
structure of Ni 3 Ti, but the major contribution of A1 may be as a 
solid solution strengthener and for oxidation resistance (2). 

It has been shown that the presence of Fe is required to permit 
the precipitation of y" in Ni-base superalloys (18). The addition 
of up to 10 at. % Cb in a Ni matrix produced virtually no y" 
precipitation. When Fe was present, no lattice matching between the 
FCC-Ni and BCT-y" occurs (2,6,15). At low Fe additions y" 
precipitation is inhibited by the BCC structure of Fe. Above a 
certain Fe level the electronic configuration changes such that an 
FCC structure is promoted (15). In joining with Ni it forms a 
matrix that matches the BCT- y" lattice closely enough to permit 
precipitation. The Fe and additions of Cr also distort the Ni 
lattice, increasing the lattice parameter (2,6,19). This reduces 
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lattice parameter differences between the y and y". making 
precipitation more favorable. The presence of A1 Inhibits y u 
precipitation by altering the lattice structure, again increasing 
the y - t" mismatch. 

In y' strengthened superalloys the precipitate is spherical to 
cuboidal in shape (9,20,21). The distortion from spherical is 
caused by lattice strains between the matrix and precipitate. These 
strains depend on the chemistry of the matrix and the precipitate. 
The Y " precipitates have a disc morphology (2,7,11,12,22,23,24). 

This morphology is the result of anisotropic coherency strains 
between the matrix and precipitate. The BCT lattice of y“ is, in 
effect, two FCC lattices stacked together (Figure 4). A change in 
atom position on the shared center plane occurs because the Ni atoms 
shift to edge positions and Cb must occupy the face position 
(6,7,15,25,26). The matching between the precipitate and the matrix 
becomes anisotropic. This enhances growth in the longitudinal 
direction and inhibits growth in the transverse direction. 

The growth of y' and y u precipitates is described by the theory 
of Lifshitz, Slyozov and Wagner (LSW) (27). The theory describes 
growth as diffusion controlled with the size of the particle 
changing linearly with (time) 1 / 3 . The aging temperature will 
change the slope of this behavior but the growth is linear over 
time. 'The growth is described by the equation (for disc particles): 

a 3 - d Q 3 = K t 
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where 3 is the mean disc diameter, d 0 is the original mean disc 
diameter and t is the time. K is a constant described by: 

128 Pq D C V 2 

„ e m 

K “ g — in — 

where P is the particle peripheral interface energy, q is the 
particle aspect ratio, D is the solute diffusion coefficient, C g 
is the equilibrium solute concentration and V m is the molar volume 
of the precipitate. The activation energy of the growth process can 
be determined from the slope of the plot of particle size vs time, 
the temperature, the aspect ratio and the equilibrium solute 
concentration. The activation energy, in the LSW Theory, is equal 
to the solute diffusion through the matrix. The size distribution 
of particles in Alloy 718 is skewed to particles larger than 
predicted by the LSW Theory. This was found to be the result of the 
large strain field surrounding the y" precipitate. The strain 
field, the result of t - y" mismatch enhances the coarsening of y" 
particles. Diffusion rate changes occur when particles encounter 
one another. 

The mechanisms of precipitation hardening in superalloys are 
numerous and varied. The relative contribution of each mechanism 
also varies with the superalloy system. The strengthening effect of 
y' in Ni-base superalloys will depend on (4,28): (1) y' volume 

fraction, (2) y‘ radius, (3) solid solution strength of y' (and y)» 
and (4) presence of hyperfine y'. The y' phase strengthens through 
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the following mechanisms (4): (1) coherency strains between y' and 

y> (2) modulus mismatch between y and y'» (3) ordering of y'» 

(4) stacking fault energy (SFE) differences between y and y'» 

(5) interfacial energy creation, (6) temperature dependence of 
lattice strength. The predominant y' strengthening mechanisms are 
ordering of y' and the formation of anti -phase boundaries, which is 
due to differences in the stacking fault energy in y and y' 
(4,10,28,29,30,31,32). Both mechanisms inhibit dislocation motion 
as the result of a higher energy region or boundary. Dislocations 
travelling in pairs, with a stacking fault between, encounter y* 
particles. The first dislocation will move into the particle more 
easily in alloys with low SFE y'. The anti phase boundary within 
the particle is more difficult for the dislocation to penetrate 
(10,29). The dislocation motion is inhibited by the differences in 
SFE between y and y'* Ordered particles are a region of higher 
entropy. To lower this energy through the displacement of 
precipitate particles and Increased disorder requires an increased 
energy input. Coherency strains are also a potential contributor to 
precipitate strength. These strains are the fitting together of two 
FCC lattices with different lattice parameters. The required 
continuity between the two lattices creates a strain on each lattice 
(29). These higher energy boundaries must be overcome for 
dislocations to move. Similar reasoning is used to describe the 
Interfacial energy creation. In this case the creation of a new 
surface requires more energy than maintaining the y - y' interface. 
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Coherency strains, degree of ordering, modulus mismatch and SFE 
differences can increase with temperature. The interfacial energy 
will decrease with an increase in temperature (4). 

The strengthening mechanisms in Ni-Fe-base superalloys are the 
same as those for Ni-base superalloys. In Ni-Fe-base superalloys 
strengthened by y" the relative contribution of each mechanism to 
overall strength is different than in y' strengthened alloys. The 
y" strengthened alloys rely primarily on coherency strains between 
and y" for strength (25,33,34). In superalloys that are used at 
high temperatures, coherency strains between the matrix and 
precipitate are not relied upon for strength (6). The potent effect 
of these strains on strength is sacrificed to insure a stable 
precipitate at these temperatures. 

An optimum amount of a strengthening phase exists for a 
superalloy. In y‘ strengthened superalloys a y' volume fraction of 
0.60 provides the best properties (1). Alloys strengthened by y" 
precipitation have an optimum volume fraction of 0.20. Coherency 
strains extend a significant distance away from the y - y* interface 
(35,36). Lattice distortions make the nucleation of precipitates 
impossible near other precipitate particles. The interaction of the 
distortions result in a balance between particle size and 
distribution. 

The precipitation of y' and y" phases are the result of 
classical solution and age heat treatment. The first stage, 
solution heat treatment, required an anneal at temperatures high 
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enough to drive all solute atoms into solution and to homogenize the 
alloy structure. Typically this is near the melting point of the 
alloy. To retain this homogenized structure, the alloy is quenched 
to room temperature. The quench rate depends on the atoms In the 
alloy, but a water quench or air cooling is usually sufficient In 
superalloys. Heating the alloying to lower elevated temperatures 
will allow the supersaturated solution to precipitate phases that 
are stable at that temperature and solute content. All the 
characteristics of age hardened metal alloys with respect to time 
and temperature are obeyed in superalloys. 

At sufficiently high temperatures or long enough times at a 
particular temperature Ni-Fe-base superalloys hardened by metastable 
precipitates will overage. Overaging is first manifest in particle 
coarsening. Coarsening is the result of growth overtaking the 
nucleation of new particles and competition between existing 
particles, resulting in the dominance of a few precipitate 
particles. At higher age temperatures y' ripening is overcome by 
the precipitation of the stable n (eta) phase (1). The n phase also 
has the Ni^Ti composition. This phase has an HCP structure, is 
incoherent and precipitates initially at grain boundaries. The n 
phase can precipitate in a cellular morphology similar to pearlite, 
with alternating y and n plates. It can also form a Widmenstatten 
morphology, starting at grain boundaries and growing outward, 
through y' particles. Superalloys precipitating the y" phase also 
Initially overage by coarsening of the precipitates (36). At higher 
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temperatures the stable phase, a (delta) predominates (25,37,38,39, 
40). The a phase has an orthorhombic structure, initially 
precipitated at grain boundaries in a cellular or Widmenstatten 
morphology. The a phase has composition of Ni^cb, a slight 
variation on the metastable y" composition of Ni x cb (x = 2. 5-2. 8). 

Since n and a are Incoherent with the matrix, they provide no 
strengthening and only occupy volume. These phases consume T1 and 
Cb which are needed for y' and y" precipitation, reducing the 
potential volume fraction of strengthening phase. It Is also likely 
that the Widmenstatten forms of n and a serve as crack Initiation 
sites. Some evidence suggests that grain boundary n and a improves 
ductility and stress rupture strength. While some a may be disirable 
to reduce grain boundary sliding, the service temperature of y‘ and 
y" strenghtened superalloys is limited by the precipitation of this 
n and/or a. 

Oxidation Resistance 

Superalloys are used In high temperature applications because of 
their high temperature strength and creep resistance. Resistance to 
Internal oxidation and corrosion is also essential at these 
temperatures (41,42). Alloys used in applications where an 
aggressive environment Is present contain significant amounts of Cr 
and A1 (43,44,45). These elements form very stable oxides and 
provide protective oxide coatings at high temperatures to prevent 
further attack of the base metal. Superalloys can contain 10 to 30 
wt % Cr for oxidation resistance. In Ni-Fe-base superalloys, some 
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of the A1 present Is available to resist oxidation, the balance is 
found in Ni 3 (Ti,A1). 

Secondary Phases 

Several elements are present in superalloys beyond the main 
constituents mentioned above. Some of these elements, such as B,C 
and Zr are added for a specific purpose. Other elements are 
undesirable and promote phases that are deleterious to physical 
and/or mechanical properties. Examples of the latter include Si, 
Mn, P and S. The relative effects of some elements in superalloys 
are shown in Table I. 

The presence of only a trace amount of C will cause the 
formation of carbides. The presence of other elements and the heat 
treatment have some effects on the type of carbide present. The 
most prevalent and most stable carbide in Ni- and Ni-Fe-base 
superalloys is the MC carbide, where M is the metal atom. The 
possible metal atoms, in decreasing stability are (1,46): Ta, Cb, 

Ti, V. The formation of M 23 Cg and MgC is Influenced by the 
relative amounts of Cr, Mo and W (1,47). The heat treatment also 
exerts a strong influence on these two carbides. At low age 
temperatures M 23 Cg is more stable (1). This carbide forms with 
Cr, Mo, Fe and W. At higher aging temperatures MgC is more 
stable. At these temperatures n and « precipitate at grain 
boundaries, occupying the preferred M 23 Cg site (48). MgC is 
also promoted over M 23 c 6 when Mo and W are present In sufficient 
amounts (28). A transition between the two carbides occurs when 
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(Mo + 1/2W) wt % equals 6.0 (49,50). M 7 C 3 carbides are not found 
In N1- and Ni-Fe-base superalloys and will not be discussed here. 
Carbides can be beneficial to superalloy mechanical properties by 
blocking dislocation motion or pinning grain boundaries (51). Some 
early superalloys and many modern stainless steels are strengthened 
by a general carbide precipitation. However, carbides contain 
elements that would otherwise contribute to y 1 and y" precipitation 
or to solid solution strength. Grain boundary carbide precipitation 
can provide some strengthening. They also serve as stress 
concentrators and potential crack paths (45,52,53). Overall, 
carbides can be considered deleterious to superalloy properties. 

The presence of some carbides is unavoidable, and heat treatment 
modifications are necessary to reduce their effect on properties. 

The mechanisms behind the effects of B and Zr are not as well 
understood as for C. It has been shown that B and Zr occupy grain 
boundary sites, apparently preventing the formation of a continuous 
carbide film (4,6,8,54,55,56). This strengthens the alloy (57,58). 
The presence of Si and Mn have been shown to promote damaging phase 
formation (59,60). P encourages the general precipitation of 
carbides (48,61). The formation of sulfides can cause problems 
during thermomechanical processing (hardspots, stringers, etc.), so 
the S level is kept to a minimum in superalloys (28,58). 

The y, y'» y"» carbides and borides are geometrically close 
packed phases. The atomic structure of the lattice is isotropic. 
Under certain compositional conditions structures that are 
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topologically close packed (TCP) can form. Differences In atomic 
size and electronic charge cause a collapse of the smaller atoms 
Into regions between the larger constituent atoms. This results In 
an anisotropic structure that Is very complex, with up to 30 atoms 
to a unit cell. The anisotropic structure can lead to a plate 
morphology. For several reasons, TCP phases are deleterious to 
superalloy properties (62). TCP phases remove elements from the 
matrix that otherwise might form the strengthening phases (y* or y"). 
The TCP phases also remove elements that influence the strengthening 
mechanisms of the precipitated phases (e.g. altering lattice 
constants and reducing the effect of coherency strains). The sharp 
tips of TCP plates are stress concentrators that could initiate 
cracks. Their plate morphology provides good paths for fracture 
(2). These phases also remove elements from the matrix around, 
weakening the alloy in this region and permitting easier fracture. 

The result of the presence of TCP phases in superalloys is a 
reduction in strength and ductility and a lower stress rupture 
ductility. The documented TCP phases include o (sigma). Laves, X 
(chi), u (mu), G and R phases (62). The o and Laves phases are the 
most frequently observed of these (48,63,64,65). 

The a phase has a stoichiometry that can range from AyB to 

ABy. in most cases a has a composition of AB, where A is Cr or Mo 
and B is N1, Fe or Co (48,62). The o phase can be prevented by 
decreasing the A1 , T1, Mo, Cr and Co in the alloy. Each of these 
elements contributes to a formation. Increasing the Ni content will 
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decrease the tendency for these elements to form a by diluting them 
and keeping them in solution (15,17,67,68). The Laves phase has an 

^B stoichiometry with a structure based on Z^Mg. Here A can 
be Fe, Co or Ni and B Is T1, Cb or Ta (Figures 5 and 6 ). In some of 
the early generation superalloys and high temperature stainless 
steels Laves was a primary strengthening phase. In more recent 
superalloys, the elimination of Laves is preferred. The Laves phase 

in Ni-Fe-base superalloys (Fe 2 Cb, Fe 2 Ti) is promoted by increased 
Cb and T1. The presence of Si and Mn also increase the precipitation 
of Laves (58,60,61,69,70). Si and Mn decrease the solubility of Cb 
and perhaps Ti in superalloys, making more Cb or T1 available for 
Laves formation. This phase is more prevalent In superalloys that 
were not properly solution heat treated or homogenized after casting. 
The Laves phase can be prevented through the reduction of Cb, Ti, Si 
and Mn or by Increasing the N1 content (58,61). This increased Ni 
provides a greater opportunity for y" precipitation rather than Laves 
formation. The remaining TCP phases are found much less frequently 
in Ni- and Ni-Fe-base superalloys. TCP phases will nucleate at high 
energy sites such as grain boundaries. Many of the elements 
necessary for the formation of these phases occur In abundance at 
grain boundaries. Only small differences exist between the 
structures of a and M£ 3 Cg and It has been shown that o nucleates 
from M 23 C 5 at grain boundaries (71). In these carbides M is Cr, 

Mo, W and Fe. 

The greater the processing deformation of an alloy the greater 
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the strain energy in the alloy. There is greater precipitation at 
larger deformation. The dislocation structure of a deformed alloy 
make precipitation more favorable. The precipitated phases include 
strengthening phases and deleterious phases. It has been demonstra- 
ted that the o phase (FeCr) will precipitate at dislocations and 
twin boundaries. The precipitation of o is therefore enhanced by 
deformation (17,67,68,71,72). 

Processing of Superalloys 

Superalloys are used as castings and in various wrought forms. 
Cast superalloys have a higher Ni content to stablize the austenitic 
matrix. Cast superalloys, whether polycrystalline, directionally 
solidified or single crystals, are used in the highest temperature 
applications. The highest temperature alloys are directionally 
solidified (DS) or single crystals. The DS alloys reduce the effect 
of grain boundary creep by eliminating transverse grain boundaries. 
Single crystal superalloys eliminate all grain boundaries. Other 
creep mechanisms will dominate in these two cases, but they are 
activated at higher temperatures and/or stresses. The result is 
superalloys that are significantly more creep resistant than 
polycrystalllne cast or wrought superalloys. 

The addition of Fe to Ni-base superalloys reduces the maximum 
use temperature but makes thermomechanical processing more feasible 
(2,55). The wrought superalloys are useful In fabricating parts for 
Intermediate temperature use. Thermomechanical processing can take 
a variety of forms. Superalloys are forged, extruded, rolled to 
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sheets or bars, machined, welded, etc. at temperatures ranging from 
room temperatures to well above the solvus temperature of all phases 
(54). This presents an obvious challenge for microstructural 
control. Methods exist to control grain and microstructure in 
wrought superalloys during processing. These methods rely on the 
presence of grain boundary phases to prevent grain growth and 
recovery during the processing. Pinning grain boundaries helps 
retain the strain energy developed in the alloy. This strain energy 
can enhance the precipitation of y 1 and y" phases. Precipitation 
reactions in superalloys are enhanced by increased strain energy of 
the alloy. Greater deformation imparts greater strain energy into 
the material. Upon heat treatment the strain energy is a mechanical 
contribution to the activation energy for precipitation. Greater 
deformation processes contribute more energy to precipitation. This 
also means that precipitation of the overaged phase is more likely 
(52,73). The strain energy is in the form of plastic deformation of 
the grains. This generates a large number of dislocations and 
twins. These are favorable sites for y" precipitation. 

The wrought superalloys that rely on a grain boundary phase to 
control structure and grain size are catagorized by the controlling 
phase. These categores are (2,51,74,75): (1) FCC-Ni 3 Al- Y ' 

control, (2) HCP-Ni 3 Ji- n control or (3) Orthorhombic - Ni 3 Cb-« 
control. In the first case the y' precipitate that strengthens the 
Ni-base alloy is also the stable phase. Processing requires that 
the material be heated just into the y' precipitation region during 
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deformation. The y' precipitate at the grain boundaries prevents 
recovery or grain growth. The HCP-n phase controls the structure in 
Ni-Fe-base alloys where T1 additions result In y' strengthening and 
n Is the overaged phase. These alloys are processed at temperatures 
just above the y' solvus but below the n solvus. The n phase 
precipitates at grain boundaries, providing grain control. Holding 
at the temperature would promote n growth, perhaps out of the grain 
boundaries. In Ni-Fe-base alloys containing sufficient Cb to promote 
y" precipitation, an analogous procedure is used. These superalloys 
are processed at temperatures above the y" and y' solvus but below 
the 6 solvus (76). The stable a phase precipitates at grain bound- 
aries during processing, preserving the grain structure. The n or s 
precipitation is useful in moderation because it is a ductile phase, 
improving the stress rupture ductility of the material. At tempera- 
tures above the n and a solvus temperatures there is evidence that 

MC and M^c carbides can prevent grain boundary motion (53). The 
MC carbides precipitate during solidification and cannot be 
completely dissolved during processing. 

The temperatures during processing are a critical parameter in 
Ni-Fe-base superalloys (51,77,78). If the temperature is too low 
significant y' or y" precipitation can occur. This would harden the 
alloy and make deformation processing more difficult. At tempera- 
tures that are too high, the overaged, structure controlling phases 
may grow, decreasing the potential strength of the alloy. In the 
extreme case, at temperatures above the n or 6 solvus, considerable 
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recovery, recry stall izati on and grain growth can occur. The larger 
grain size and reduced strain energy in the wrought material reduces 
the potential strength and ductility because of a lack of n or 6 at 
the grain boundaries of the alloy. At higher deformation tempera- 
tures, greater deformation is required to obtain a uniform grain 
structure (79). The recrystallization that occurs at these 
temperatures must be prevented by greater deformation. Large defor- 
mation at low temperatures can result in some softening of the 
material (80). During the large deformation some mechanical energy 
is converted to heat, resulting in adiabatic heating of the alloy. 
This can soften the structure as a result of « precipitation or a 
loss of continuum at grain boundaries. 

Inconel Alloy 718 - Physical Metallurgy 

As mentioned previously, the superalloy of concern in this 
investigation is Inconel Alloy 718. This Ni-Fe-base superalloy has 
a nominal composition of: 
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(* 
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The alloy contains sufficient Cb to promote the precipitation of the 
BCT y“ strengthening phase. It is a wrought alloy that has been in 
use since the early 1960's. The maximum use temperature of the 
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alloy is 650°C (1200°F). The proper Ni content for a 
Ni-21Cr-balance Fe alloy was determined by Eiselstein (37,38). From 
similar compositions containing Cb, Ti and A1 Eiselstein determined 
that 53 wt.% Ni provided the peak solution and age strength 
(Figure 7). Eiselstein and Boesch & Canada determined the proper 
amounts of hardening elements (Cb+Ta, Ti, A1 ) to optimize the 
strength of a Ni-21Cr-19Fe base alloy. Eiselstein found that above 
6.5 wt.% Cb the ductility of the alloy began to rapidly decrease. 
Boesch & Canada confirmed this; above 6.0 wt.% Cb the reduction in 
area became constant (Figure 8). 

At a Cb level of 4 wt.% Eiselstein determined that the properties 
of a 53Ni-21Cr-19Fe-base alloy were optimized with a 1.2 wt.% 

(A1 + Ti) addition (Figure 9). The Al/Ti ratio was 1 in this case. 

In the case of Cb and Ti + A1 , the strength of the alloy increased 
with increased hardener content. Above some level an incremental 
solute addition will have a decreasing effect on strength. At 
higher levels, the alloy may begin to exhibit the properties of a 
brittle material. 

The physical metallurgy of Inconel Alloy 718 is very complex. 
Besides the precipitation of y' and y", the overaged phase, a, is 
found. Grain boundary precipitation of a and f^jCg are reported. 

MC and MgC carbides are present within grains (40). Some 
undesireable and damaging phases have been reported, primarily a and 
Laves (Figure 10) (47,65,81,82). M^Bg borides and M(CN) 
carbonitrides are also possible. Small compositional changes in the 
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alloy can shift the balance of these phases. The effect of the 
elements contained in Alloy 718 are shown in Table II. The effect 
of temperature on the phases in Alloy 718 are shown in Table III. 
Solution and Age Alloy 718 

Inconel Alloy 718 is used in two process conditions: (1) in the 

solution and age heat treated condition and (2) in the direct age 
heat treated condition. Solution and age heat treated Alloy 718 is 
used in applications where creep resistance to 650°C (1200°F) is 
required. The direct age or "Mini grain" alloy is used when lower 
temperature yield and tensile strength maximization are needed (83). 
Both processes start with cast Alloy 718, which is homogenized at 
1175°C (2150°F) for 24-48 hours (26,84). In the solution and 
age alloys the material is rolled or otherwise thermomechanical ly 
processed to the appropriate dimension at a temperature high enough 
to make processing easy. The alloy is then solution heat treated at 
1010°C (1850°F) for 2 hours (2,74). This temperature is above 
the solvus temperature of all phases and above the recrystallization 
temperature of Alloy 718. After air cooling to room temperature, 
the alloy is age heat treated at 730°C (1350°F) for 8 hours, 
furnace cooled at 38°C (100°F) per hour to 620°C (1150°F) 
and held for 8 hours, then air cooled (Figure 11). In the solution 
and age heat treated condition. Alloy 718 is among the strongest 
superalloys at room temperature (3). The use temperature of Alloy 
718 is limited but some modification of the structure through heat 
treatment is possible to improve the temperature capability of the 
alloy (85). 
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The heat treatment variations for Alloy 718 are dependent upon 
the application. Superior stress rupture ductility and notch fatigue 
resistance are attained by a solution heat treatment below the a 
solvus and not above the recrystalllzation temperature (Figure 12). 
The a phase forms at grain boundaries initially, providing a ductile 
constituent at these sites. There Is an effect of grain size on 
precipitation; larger grain Alloy 718 has coarser 6 than a finer 
grained Alloy 718 (16,77,86,87). Solution heat treating the alloy 
at temperatures above the recrystallization temperature will dissolve 
all the 6 phase and increase the grain size. After aging this 
results in an alloy with good strength, creep resistance, lower 
ductility and reduced ductility in notched fatigue (1,2,86). The 
larger grain Alloy 718 has lower strength and slightly greater 
ductility than the alloy solution heat treated at temperatures below 
the 6 solvus (53,61,86). The loss in ductility at elevated 
temperatures results from the lack of grain boundary 6 and the 
presence of carbides at the grain boundary. 

The aging heat treatment also has a marked effect on the 
properties of Alloy 718. The optimum aging temperature precipitates 
a fine uniform y" throughout the alloy, avoiding the overaged phase 
and coarsened y". At temperatures just high enough to initiate y" 
precipitation, a nonuniform y" distribution can occur (92). A large 
amount of y" occurs near grain boundaries and other high energy 
regions. An aging cycle that is high enough to cause y" coarsening 
and 6 precipitation will be weaker from a loss of coherency strains 
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as a result of y" area loss and Cb consumption by 6. The best aging 
heat treatment was described previously. The cycle promotes uniform 
y" precipitation at the higher initial temperature and precipitates 
growth at the lower temperature, without further y" nucleation. 

This two step age heat treatment also reduces the risk of precipita 
ting unwanted phases. The precipitation sequence in Alloy 718 is 
not firmly established. Some investigators suggest BCT y" is an 
Intermediate phase between FCC y 1 and Ortho. 6 (91). The precipita- 
tion sequence in this case would be: 

FCC y* BCT y" — > Orthorhombic 6 
However, FCC y' can overage to form HCP n« This requires an 
additional step: 

y' — > BCT y" — > Orthorhombic 6 
HCP n 

Other work indicates that y* precipitates first in Alloy 718 then y" 
precipitates. Independent from y' (6,40). The overaged phases would 
form separately, n from y* and a from y"* It is indicted that y" 
precipitate on Y 1 particles. This "compact" morphology has not been 
generally documented and the overaging process is not clear (90). 

The first investigators determined that the strengthening phase in 
Alloy 718 was NijCb-Y 1 * Implying an FCC structure (7,38,39). 

Later Investigations determined the strengthening phase was BCT y" 
(11,12,13,14). 

The presence of a tensile or compressive stress during aging 
heat treatment has an effect on the y" morphology and thermal 
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stability (78). The application of an elastic tensile stress during 
aging heat treatment will promote growth of the Y " discs oriented 
with their long axis in the direction of the stress. The presence 
of a compressive stress will promote growth of Y " oriented with 
their long axis perpendicular to the stress axis (78). The optimum 
mechanical properties of Alloy 718 were developed with a processing 
schedule involving the following steps (52,75,88): (1) solution 

heat treatment; (2) predeformation age at at temperature above 
705°C (1300°F) for 8 hours; (3) deformation processing and; (4) 
final age at a temperature below 705°C (1300°F) for 8 hours. 

This schedule was shown to provide the optimum stress rupture 
properties and tensile strength (51,73,77,89). The predeformation 
age insures a random y distribution after deformation. A reduction 
in ductility occurs as the result of the strain energy imparted to 
the alloy and the small grain size of the deformed material. 

Direct Age Alloy 718 

The "Minigrain" process mentioned previously takes advantage of 
the smaller grain size that results from the deformation processing 
to develop an alloy with very high yield and tensile strength. The 
special processing of Alloy 718 takes advantage of the strain energy 
in the alloy developed during thermomechanical processing (51). The 
thermomechanical processing can take place In three distinct tempera- 
ture regimes. First, at or near room temperature, deformation will 
develop a great deal of strain energy. This will provide the alloy 
with very high strength, but will also undergo recovery at lower 
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temperatures (73). Second , the warm working region Is at tempera- 
tures where all phases are dissolved and above the recovery tempera- 
ture but below the recrystallization temperature (2,74,75,77). 
Thermomechanical processes are easier In this temperature region. 
Third, above the recrystallization temperature the least difficult 
processing occurs. There Is considerable grain growth before and 
during processing. The maximum use temperature of the processed 
alloy Increases with Increasing processing temperature. 

These three processing temperature regions. In combination with 
the solvus temperatures for the phases present In Alloy 718 and the 
structure controlling phases described previously, make possible a 
unique processing schedule to optimize tensile properties In this 
alloy. This processing takes advantage of the strain energy In the 
alloy during thermomechanical processing, y" precipitation and a 
very small grain size to improve strength. 

In this processing schedule, the as-homogenized material is 
forged to an intermediate size. It is then rehomogenized, upset 
forged and reforged to a near net shape. It is then rehomogenized, 
and the procedure continues until the proper grain structure is 
developed. Each rehomogenization heat treatment is at 980-995°C 
(1800-1825°F). This is at or above the « phase solvus and above 
the y" y' and Laves phase solvus, but below the recrystallization 
temperature. Forging temperatures are between 910 and 940°C 
( 1675-1725°F) (26). During the heat up, prior to the forging, 
some & precipitation occurs mostly at grain boundaries. The « phase 
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will help the grains retain their structure during the forging opera- 
tions, not permitting any pancaking of grains. Rehomogenization 
drives the 6 back Into solution without Initiating significant 
recrystallization. The upset forging operation prevents grain elong- 
ation and Insures a uniform grain size. In this manner, a very small 
(1-10 pm) “Minigrain" Alloy 718 can be obtained. After the desired 
grain size is developed by the appropriate repetitions of the forming 
cycle, the material is subjected to the 730°C (1350°F) for 8 
hour, furnace cool at 38°C (100°F) per hour and the 620°C 
(1150°F) for 8 hour aging heat treatment (83). The most conspic- 
uous difference between this processing treatment and the solution 
and age heat treated material is the lack of a true solution heat 
treatment. This provides the Mini grain material with its alternative 
name: Direct-age Alloy 718. 

The very small grain size of Mini grain Alloy 718 limits its use 
temperature to 540°C (1000°F). This compares with the maximum 
of 650°C (1200°F) for solution and age Alloy 718 (83). The 
grain size also limits its ductility. Above this temperature a 
significant drop in tensile properties occurs. The constant 6 
precipitation and resol utioning means a higher initial Cb level is 
required in Mini grain processed alloys to promote adequate y" 
precipitation during the age cycle (26,92). Mini grain Alloy 718 is 
most attractive in moderate temperature applications where tensile 
strength is the controlling property (93). The greatest use of this 
form of the alloy is in fasteners that undergo low-cycle-fatigue 



26 


(LCF). The LCF life of a material is determined largely by the 
tensile and yield strength of the material (93,94,95,96). 

Deformation of Alloy 718 

At low temperatures, the deformation of Alloy 718 is by planar 
slip (4,23,87,96,97). This mechanism is typical of FCC metals. The 
interaction of the FCC matrix and the FCC precipitate with different 
composition, etc. results in two reactions (98). First, the precipi- 
tates can be sheared (6). The first of a pair of dislocations passes 
through the particle. This decreases the stacking fault energy of 
the particle (9). In order to restore order in the y" precipitate, 
a series of dislocations must pass through the particles because the 
BCT structure of the y" precipitates means that only 1/3 of the 
potential slip systems are available to restore order in the 
particle. Second, subsequent dislocations are unable to pass through 
the faulted particles and must form dislocation loops around the 
precipitates (43,89). These Orowan loops will coalesce and form 
twinned regions (10). Within the twins, the stacking faults result 
in particles that no longer maintain the DO 22 structure of the y u 
precipitates. Within these twinned regions, and in slip planes, the 
y" precipitates are dissolutioned. 

During tensile straining the alloy will undergo the deformation 
mechanisms described above. This has a strong influence on the 
mechanism involved in LCF deformation (99). Deformation in LCF is 
also by Orowan loop formation (43). The extent of damage is 
controlled by the fatigue strain amplitude. As the fatigue cycles 
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continue, the deformation bands cause some work hardening, which, for 
a given strain, increases the stress on the material. This results 
in a peak stress on the alloy before plastic deformation begins. The 
less the plastic deformation in the tensile portion of the cycle, 
the lower the peak stress and the more cycles required to reach the 
peak stress. As the LCF progresses, deformation bands develop, 
indicating dissolution of y" precipitates (43, 96). The loss of 
precipitates softens the material, decreasing the tensile stress on 
the material. The greater the plastic deformation component of the 
cycle, the greater the potential softening beyond the peak stress. 

At elevated temperatures the hardening-softening phenomenon is 
not observed in LCF (43,8,95,96). In this case, the highest stress 
is at the start of the test. Deformation bands are able to form 
immediately, softening the alloy by y" dissolution. At higher 
temperatures there is a greater thermal component of the activation 
energy to dissolution the y" precipitates and cause softening (100). 
The higher the temperature, at a given strain amplitude, the fewer 
cycles required to produce a peak hardness. The creep deformation 
of wrought Alloy 718 is by diffusional creep or grain boundary 
sliding (80). Diffusional creep, or Nabarro-Herring creep, requires 
a net movement of atoms through the grains (101,102,103). It is 
Increased by a small grain size, higher stress, higher lattice 
diffusion and higher temperature (104,105). Grain boundary sliding 
(Coble creep) is enhanced by small grain size (to increase grain 
boundary area), wide grain boundary regions (where vacancy diffusion 
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occurs), higher grain boundary diffusion and higher temperature. A 
greater grain size sensitivity exists in Coble creep than in Nabarro- 
Herring creep. Coble creep occurs, for a given temperature, at a 
lower stress. As a result. In wrought alloys with a smaller grain 
size than most cast materials. Coble creep Is the controlling creep 
mechanism. Coble creep occurs by a net flow of atoms away from the 
grain boundaries transverse to the applied stress (104). The 
smaller grain size materials offer more grain boundaries with this 
orientation, further enhancing this creep mechanism (Figure 13). 

To Improve the creep resistance of wrought superalloys, grain 
boundary sliding must be reduced or eliminated (106). Reduction in 
the mass transfer along grain boundaries is possible by phases 
precipitated at the grain boundaries. This precipitation is promoted 
by various heat treatment and thermomechanical processes. Creep 
resistance of Alloy 718 is improved by a solution heat treatment 
that produces a large grain size with a continuous carbide film at 
grain boundaries. Large grains reduce the grain boundary area. The 
carbide film reduces mass transfer and vacancy motion along the 
grain boundary. In Alloy 718 this film is composed of M 23 C 5 
and/or MC carbides (1,48). While reducing the creep rate, the 
carbide film reduces stress rupture ductility. The carbides are 
brittle and serve as stress concentrators as well as crack initiation 
sites. Because the carbides fracture in a low energy mode, during 
crack formation the film provides a convenient crack path. In an 
effort to improve stress rupture ductility, some investigators have 
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employed a two step age heat treatment (51,77,86). After a proper 
solution heat treatment at somewhat lower temperatures than described 
previously, the alloy is aged at a temperature Intermediate between 
the typical age temperature and the solution temperature. This, In 
conjunction with the lower solution heat treatment temperature, 
results in a smaller grain size and precipitation of the a phase at 
grain boundaries. As noted previously, the smaller grain material 
precipitates a finer a phase (16). The a phase Inhibits atomic 
motion at grain boundaries in the same manner as the carbide film. 
However, the a phase is more ductile than the carbide film. A 
reduction in creeep resistance, and also a large increase in stress 
rupture ductility, results from this treatment. Depending upon the 
desired properties, the appropriate heat treatment can be selected. 

Other investigators have determined that the use of B or Zr 
additions to wrought superalloys improves creep resistance (8,49,54, 
55,56,57). As discussed previously, B and Zr have been observed to 
segregate to grain boundaries, occupying vacancy sites. The increase 
in difficulty in atomic motion and the breakup of the carbide film 
improved the stress-rupture life and ductility. Lastly, more recent 
work has been conducted on making a powder metal form of Alloy 718. 
This would offer the attraction of composition control to prevent 
the formation of deleterious phases (55,99,107,108,109,110,111). 
Purpose of the Investigation 

Columbium and three other elements, Cr, Co and Ta, have been 
identified as metals that are vital to the aerospace industry. 
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Over 90% of each of these materials Is Imported (Figure 14). This 
situation led to wide swinging supplies and price fluctuations that 
are potentially very harmful to the national defense industry 
(Figure 14). As a result of this situation, the National Materials 
and Minerals Policy, Research and Development Act of 1980, was 
adopted. This act focused attention on the supply-price vulnerabil- 
ity of these strategic metals. A program was established by the 
National Aeronautics Space Administration (NASA) to investigate 
three areas of the strategic metals problem (112). 

i) Understanding the role of strategic materials in Ni-base 
superalloys in order to reduce their levels through 
substitution of other, less "strategic" materials, 

ii) Investigate materials processing concepts to improve the 
properties of alloys with reduced strategic element 
content. 

iii) Identify potential alternate materials containing no 
strategic elements. 

This investigation was undertaken to address the first two 
objectives above with respect to Inconel Alloy 718. The objective 
was to determine the amount of Cb that could be removed and, with or 
without substitution elements, still maintain the tensile and stress- 
rupture properties of the standard Inconel Alloy 718. 
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PROCEDURE 


Alloy Composition 

A series of alloys were Investigated as substitutes for Inconel 
Alloy 718. The fourteen alloys studied are listed in Table IV. The 
first alloy corresponds to the composition of the standard Alloy 718. 
Alloy lb is also the standard alloy, but it contains 0.04 wt% B. 
Alloys 2a through 2 f have a nominal 3.00 wt % Cb rather than the 
standard 5.30 wt. % . At this lower Cb level, additions of W, W + V, 

B and increased Mo were made to the alloys. Alloys 3a through 3d 
contained 1.10 wt % Cb. Additions of W, W + V and increased Mo were 
also made to these alloys. It was anticipated that the substitutions 
for the reduced Cb levels would allow these lower Cb alloys to 
maintain the propecties of standard Alloy 718. The effects of all 
of these elements on Alloy 718 are listed in Table II. 

The additions of W, V and Mo were selected because of their 
proximity to Cb on the periodic table. Some evidence exists that W, 

V and Mo partition to the strengthening precipitates in superalloys 
(50, 112). It is documented that W and Mo are potent solid solution 
strengtheners and that V forms a stable carbide of the MC type (1). 

W and Mo also contribute to the formation of M 23 C 5 and MgC 
carbides (1). The B addition was selected to Improve grain boundary 
strength by eliminating carbide films In these areas. This element 
also Improves the room temperature and stress rupture ductility 
(54,56,57,58,63,113). 
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Alloys 4 and 5 contained T1 as a substitution for the reduced 
Cb. Alloy 4 contained 3.49 wt % Cb with a Ti addition of 1.10 wt %. 
This was the maximum Ti addition within the Alloy 718 specification, 
in contrast with a typical 0.87 wt % Ti addition. Alloy 5 had 3.89 
wt % Cb and Ti addition of 1.27 wt %. It was hoped that the 
increased Ti would promote the formation of NigTi-r' to substitute 
for the reduced Ni x Cb-Y M precipitation (114,115,116). 

Processing of Alloys 

These alloys were vacuum cast from a set of seven 30-pound split 
heats. The additions were made in seperate ladles. Addition 
elements were from commercially pure materials. Each of the split 
heats was cast into a 15 pound cylindrical mold 3 inches in diameter. 
The top of each mold had a 2.25 inch diameter pouring cup that 
collected low density Impurities and provided some feeding to the 
ingot. After casting, the pouring cup and about 1.5 inches of the 
cylinder were cut off. These cylinders were then homogenized at 
1095 (2000°F) for 1.5 hours. The cylinders were rolled to plates. 
Several passes were made on the mill to square the sides of the 
cylinders. Then passes with increasing reduction were made until 
the billet had been rolled to a 0.5 inch thick plate. After each 
roll pass, the piece was reheated to remain soft enough to be rolled 
without difficulty. When rolling was completed, the plates were 
transferred to a furnace at 980°C (1800°F) for 30 minutes and 
air cooled. 

After a review of previous work, several solution and age heat 
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treatment cycles were selected for study on these alloys (38,39,45, 
51,86,88,117). The heat treatments were based upon that used for 
standard Alloy 718. The solution heat treatments, all of which were 
for 2 hours, had temperatures ranging from 870 to 1095°C 
(1600-2000°F). The age heat treatment cycles were at temperatures 
ranging from 650 to 870°C (1200-1600°F), and for times ranging 
from 5 to 100 hours. Table V lists the times and temperatures for 
each solution and age heat treatment. The most favorable temperature 
for y" precipitation In Alloy 718 has been shown to be about 705°C 
(1300°F) (28,90,118). Higher age temperatures were Included to 
examine the effect of overaging on the phases and structure of the 
modified alloys. Solution heat treatment temperatures were varied 
to examine their effect on homogenization, grain size, and solvus 
temperatures in the lower Cb alloys. All heat treatments were 
conducted in air. Samples of the alloys, approximately 0.5 inch 
cubes, were cut from the bar stock. Temperatures were monitored by 
Chromel -A1 umel thermocouples. All alloys were air cooled from the 
solution heat treatment and age heat treatment temperatures. 

Further thermomechanical processing was applied to some of the 
alloys to Improve their yield and tensile strength. The as rolled 
alloys were reheated to 955°C (1750°F) and held for 30 minutes. 

The pieces were then rolled in two passes to 0.25 Inches thick. 

These plates were then aged directly. The direct age heat treatment 
was Intended to retain a small grain material. No solution heat 
treatment was employed to produce grain growth. A series of age 
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heat treatments were examined to determine the the optimum time and 
temperature with respect to mechanical properties. All age cycles 
Involved two steps. The upper temperature age cycles Included temp- 
eratures between 675° (1200°F) and 760°C (1400°F) for 5 to 40 hours. 
These specimens were then furnace cooled to temperatures between 
675°C (1200°F) and 595°C (1100°F) and held for 5 to 40 hours. 

The differences In the processing schedules of the Alloys and the 
effects on structure and properties are listed In Table VI. 
Evaluation of Alloys 

Micro structural analyses was performed with Scanning Electron 
Microscopy (SEM). The structures examined required resolution 
greater than that possible with optical microscopy. A JE0L-35CF SEM 
was used for all microstructure analysis. Specimens were polished 
with standard grinding and polishing procedures. Two etchants were 
primarily used: solution of 92 vol. % HC1 , 5 vol. % H2SO4 and 3 

vol. % HNO3 for general mlcrostructural examination; and an 
electroetch of 10 vol.% HC1 In Methanol with a current density of 
10-15 mA/cm 2 was used to examine the finer precipitates In the 
alloys (82). 

Phases were Identified by powder diffraction of extracted 
phases. Two proceduces were used to extract different phases. 
Carbides, borides, o, Laves and other TCP phases were extracted In a 
solution of 10 vol. % HC1 In Methanol with a current density of 
20-100 mA/cm 2 (119,120). The y'» y" and 6 phases were removed by 
a 10 vol . % HC1 In water with lOg of Tartaric acid with a current 
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density of 20-100 mA/cm^. After the specimens were ground and 
rough polished, they were cleaned and rinsed with Methanol. 

Specimens were suspended In the electrolytic solution by a Chromel 
wire spot welded to the piece. The cathode was an encircling foil 
of Ta. The current was applied for 15 minutes to clean the specimen, 
the specimen was weighed and replaced into fresh electrolyte. The 
extraction current was applied for 2.5 to 4.0 hours depending on the 
alloy and the type of extraction. After the extraction was complete, 
the specimen was ultrasonically cleaned In a similar solution, dried 
and reweighed. A semi -quantitative measure of the phases could be 
made based upon the weight differences before and after extraction. 
The extracted phases were filtered out of the electrolyte and air 
dried. X-ray diffraction, using a Cu source with a 1.54 A wavelength 
was used to generate diffraction traces. Phase Identification was 
by comparison with ASTM Diffraction Index cards, results of ASTM E-4 
Committee data, and literature values. (13,47,90,119,120,121). 

Initial evaluation of the solution and age and the direct age 
alloys was performed by Rockwell "C" hardness tests. It has been 
shown that a good correlation exists between the R c hardness and 
yield strength of polycrystalline metals. Alloys that were 
considered to be potential substitutes for Alloy 718 were tested 
further. The room temperature mechanical properties were determined 
on a Baldwin or an Instron Tensile machine. During tests on the 
Baldwin machine, stress-strain curves were determined from data 
gathered In two ways. When possible, a diametral strain gage and 
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load cell were used. A plot of the load vs diameter change was made 
on an X-Y plotter. With other specimens, a dial diametral strain 
gage was used and load-diameter changes were plotted by hand to 
determine yield strength. From these measurements, stress-strain 
curves were determined. On the Instron machine, the load-extension 
curves were determined by a load cell and monitoring crosshead 
motion. 

Elevated temperature tensile properties were measured using a 
tube furnace surrounding the specimen while in the Instron or 
Baldwin machine. Thermocouples were placed in contact with the 
specimen and temperatures were held within 1.5°C (3°F) of the 
desired temperature. Stress rupture tests were conducted on BLW 
lever type creep machines. Temperatures were maintained by resis- 
tance heating tube furnaces surrounding the specimen. Temperatures 
were monitored by two thermocouples attached to the specimen and 
held to within 1.5° (3°F) of the desired temperature. Tests 
were conducted at stresses to produce fracture in about 100 and 50 
hours in the standard Alloy 718. These stresses then applied to the 
modified alloys at the same temperatures. The time to fracture was 
then measured. Table VII indicates the tests, temperatures, and 
stresses for the tests on the alloys. Tensile tests were conducted 
at room temperature (25°C or 77°F), 540, 595 and 650°C (1000, 

1100, 1200°F). Stress rupture tests were conducted at the same 
elevated temperatures. 
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RESULTS 

Heat Treatment - Solution and Age Alloys 


Alloy la, the standard Inconel Alloy 718, was processed to 
determine the optimum solution and age heat treatment cycle. The 
criteria used to establish the proper solution temperature were: 
complete dissolution of y', y", 6 and any TCP phases that had been 
present during casting or rolling; uniform distribution of y* and y" 
after aging; a uniform grain structure of the appropriate size and; 
grain boundaries containing a minimal amount of precipitates. Each 
solution heat treated alloy was aged at 705°C (1300°F) for 100 
hours. Figures 15 through 18 show the effect of the solution temper- 
ature on segregation in alloy la. At solution temperatures below 
1040°C (1900°F) substantial segregation, non uniform y" precipita- 
tion, significant « precipitation, and a duplex grain structure occurs. 
At 1040°C (1900°F) and above, segregation is not present and a 
uniform precipitate distribution is obtained. Some grain growth at 
1040°C (1900°F), and substantially more at the higher temperatures, 
was observed. These structures indicate that the complete solution 
temperature for Alloy 718 is between 980 and 1040°C (1800 and 
1900°F). The structures indicate that the recrystallization tempera- 
ture In the standard alloy is also between 980° and 1040°C (1800 
and 1900°F). The solution temperature for 6 is about 997°C 
(1825°F). The recrystallization temperature for Alloy 718 is about 
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1003°C (1835°F) . Assuming that the solution temperature and 
recry stall izati on temperature change with composition, substantial 
differences in these temperatures could exist between the Cb-poor and 
Cb-rich regions. This behavior occurred in modified Alloy 718 since 
the solution and recrystallization temperature rises with increased Cb 
content as shown in Table VI. At 1040°C (1900°F), the grain size 
is an acceptable ASTM 4-7 (50-200 urn). In combination with the above 
evidence it is indicated that a solution temperature above the standard 
Alloy 718 solution temperature was appropriate. All alloy la and lb 
solution heat treatments were at 1040°C (1900°F). 

Alloy 2a, with lower Cb content, was similarly affected by solution 
heat treatment temperatures. Less segregated material occurs in these 
alloys. Since the only difference between alloy 1 and 2 is a reduction 
in Cb, this indicates that many Cb-based phases are forming. The 
precipitate distribution in alloy 2 is uniform at temperatures above 
980°C (1800°F). At or below this temperature some non uniform 
precipitation, a slight precipitation of undesirable phases and a 
variable grain structure occurred. The solution and recrystallization 
temperatures were lower in these lower Cb alloys, but, the decrease 
was not substantial. The grain size for a 980°C (1800°F) solution 
temperature was ASTM 4-7 (50-150 urn). To insure homogenization and a 
uniform grain size and precipitate distribution, alloy 2a was solution 
heat treated at 1040°C (1900°F). 
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Alloy 3a contained 1.10 wt.% Cb. Some nonuniform precipitation 
was noted at a 925°C (1700°F) solution temperature. At 980°C 
(1800°F) no evidence of segregation of Cb or other elements existed 
but only intermediate grain growth occurred between 925°C and 
980°c. This indicated that the recrystallization temperature of the 
1.10 wt.% Cb alloys was near 980°c. Accordingly, alloys 3a through 
3d were solution heat treated at 980°C (Table VIII). 

The effects of the additions of W, W + V and increased Mo on the 
recrystallization temperature and the dissolve of y"» y'» 6 and the 
TCP phases was negligible. Figures 19 through 22 show alloys 2a 
through 2f after a 1040°C (1900°F) solution heat treatment. No 
significant difference in the structures of these alloys existed after 
this solution treatment. This was expected since the substitution 
elements were not strong cabide formers but primarily solid solution 
strengtheners. These elements, while they might have formed some 
undesirable TCP phases during thermomechanical treatments, were in 
solution during the 1040°C (1900°F) heat treatment. Figure 23 
shows that this same situation occurred for alloys containing 1.10 wt. 
* Cb. No structural variation existed after solution treatment among 
alloys 3b through 3d. The phases present in the Cb-rich regions of 
the segregated alloys did not increase in volume when other elements 
were added. This indicates that the substitution elements did not 
participate in the precipitation of these phases. 

Alloy 1 was also examined for the optimization of the aging heat 
treatment cycle. The decision on the best heat treatment was made 
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based on: the size of the y'» y" phases and their relative 

distribution; the presence of any carbides, borides or TCP phases; the 
coarsening of y" or any other signs of overaging, such as abundant n 
precipitation and denuded regions around grain boundaries and the a 
phase (Table IX). At low aging temperatures, after a complete solution 
heat treatment, the nucleation of the metastable y" and y‘ phases 
occurs. A small amount of growth occurs at low age temperatures. In 
general, the metastable phases will precipitate at dislocation sites, 
because: (1) the solute concentration is usually higher at 

dislocations; (2) the shear deformation, needed to match the 
precipitate structure, is present; (3) density differences at 
dislocations can more easily accomodate a new phase density. 

As the aging temperature is increased, the competition between the 
nucleation of new sites and the growth of the phases that were present 
increases. At higher temperatures the growth component becomes more 
dominant and the precipitates will grow faster and coarser. At 
sufficiently high temperatures, the nucleation of stable phases will 
occur. Specimens of alloy 1 solution heat treated at 1040°C 
( 1900°F) and aged at 650°C (1200°F) for 100 hours had structural 
components that were difficult to distinguish. It was not possible to 
resolve the y" or y* precipitates in this case. Later evidence will 
support the hypothesis that the precipitates are too fine to have been 
resolved in the SEM. The y" and y' precipitates were resolved after 
aging at 705°C (1300°F) for 100 hours. The grain boundaries have 
a continuous film of NigCb-y and/or a carbide precipitate. No 


41 


denuded zone occurred around the grain boundaries. The y“ precipitates 
are distributed uniformly throughout the alloy. The y" particle size 
was more uniform after the 100 hour age time than after the 50 hour 
age. The doubling of the age time developed a more uniform 
distribution and size. After aging at 760°C (1400°F) for 25, 50 
or 100 hours, the y" precipitates were significantly larger than after 
50 or 100 hours at 705°C (1300°F). The grain boundaries had a 
heavier, continuous Ni^Cb-a film. Some denudation existed at the 
region adjacent to the grain boundaries. Some a grew out of the grain 
boundaries and into the bulk of the grains in both a cellular and 
Widmenstatten morphology as shown in Figure 17. Aging alloy 1 at 
815°C (1500°F) for 10 or 25 hours produced an abundance of a 
precipitation. Figure 17 shows a characteristic structure after this 
heat treatment. Massive regions of cellular a nucleated at grain 
boundaries and grew into the bulk of the grains. Some Widmenstatten a 
was also present. Large areas surrounding these cells, that do not 
contain any precipitates, exist because the Ni 3 Cb-a has removed the 
Cb from the areas, preventing any y" precipitation. The y" 
precipitates were very coarse with some regions of little or no y" 
precipitates. After aging alloy 1 at 870°C (1600°F) for 5 or 10 
hours, massive amounts of a phase and very little y" or y' were 
precipitated. The a phase had both the cellular and Widmenstatten 
morphologies and was surrounded by large denuded zones. The y" 
particles were not distributed uniformly and were large. The grain 
boundary regions were not well defined because of the growth of the a 
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phase. Figures 24 and 25 graphically illustrate the effect of solution 
temperature on the structure of alloys la, 2a and 3a. 

The initial screening of alloy la to determine the heat treatment 
that optimized its properties used Rockwell "C" hardness measurements. 
All specimens were solution heat treated at 1040°C (1900°F). The 
optimum hardness was obtained with the 650 and 705°C (1200 and 
1300°F) age heat treatments. The structural and hardness 
considerations indicated that the 705°C (1300°F) was the optimum 
age heat treatment. Thus, the comnplete solution-and-age heat 
treatment for alloy 1 was: 1040°C solution for 2 hours, air cool; 

705°C age for 100 hours, air cool. 

A similar series of age heat treatment trials was undertaken for 
alloys lb and 2(a-f) and 3(a-d). The microstructure of alloy lb was 
similar to that of alloy la. The B addition had no effect on the 
aging characteristics of the y" or 6 phases. At the lower age 
temperatures, the B may have occupied grain boundary sites but this 
effect was not detectable. At higher age temperatures, the B had no 
significant effect on the overaged phase precipitation at grain 
boundaries or the growth of the phase into the grains. The R c 
hardness of alloy lb was the same for alloy la. Since R c hardness 
indicates the relative yield strength, it would be expected that alloy 
lb would have a similar yield strength as alloy la. This was 
apparently due to the B preventing an embrittling grain boundary 
carbide. 

The optimum structure for alloy 2a was the result of the 705°C 
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(1300°F) age heat treatment also. This was expected, since alloys 
la and 2a had similar solution temperatures, the alloys would behaves 
similarly to the same age heat treatment. The y" distribution in 
alloy 2a was uniform and similar throughout the alloy. Greater 
precipitation of the y' phase occurred than in alloy la. No y' 
denuded zone was present around grain boundaries. The structures of 
alloys 2b through 2f were also optimized by the 705°C (1300°F), 

100 hour age. The characteristic structures of these alloys are shown 
in Figures 18 through 22. 

The hardness of alloys 3a through 3f also optimized by the 
1040°C ( 1900°F) 2 hour solution and 705°C (1300°F) /100 hour 
age heat treatment. The highest hardness of the reduced Cb alloys was 
about R c 19. The variation in hardness between alloy 2a with no 
substitutions for the Cb, and the alloys with substitutions was only 
one hardness point, indicating little additional hardening as the 
result of W, W + V or Mo addition. These elements were not 
contributing to y" precipitation; only Cb, and Ti contributed to the 
precipitation. As a result, nearly a 50% drop in hardness occurred 
when the Cb content of Alloy 718 was reduced from 5.30 wt.% to 
3.00 wt.%. The structure of alloy 3a was difficult to analyze. The 
grain structure was similar to the higher Cb alloys but the grain 
boundaries had fewer precipitates, at a given age temperature, than 
the higher Cb alloys. Little evidence existed of r" precipitation in 
the alloy, but significant y' precipitation was detected. The 
structure of alloy 3a was optimized by a 705°C (1300°F) age for 
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100 hours after a 980°C (1800°F), 2 hour solution heat treatment. 

The structures of alloys 3b through 3d were similar to that for alloy 
2a. The structures of these alloys were also optimized by a 705°C 
(1300°F) age temperature. The hardness of the alloys containing 
1.10 wt.% Cb were consistently 60% lower than the hardness of the 
standard Alloy 718. They were also 25% below the hardness of the 3.00 
wt.% Cb alloys. The W, W + V or Mo addition did not contribute to an 
increase in the hardness of alloys 3a through 3d after aging at 
705°C (1300°F) for 100 hours. 

The heat treatment of alloys 4 and 5 followed the same series of 
trials as for alloys 1 through 3. The structures that satisfied the 
criteria for solution and age alloys discussed previously resulted 
from a solution heat treatment of 980°C (1800°F) for 2 hours and 
an age heat treatment of 705°C (1300°F) for 100 hours. The 
structures of alloys 4 and 5 are shown in Figures 26 and 27. The 
grain size was similar to alloys 1 through 3. The precipitate 
distribution was uniform throughout the material. An increase in the 
amount of MC carbides occurred within the grains in alloys 4 and 5. 
These alloys had no grain boundary carbide films or evidence of any 
other deleterious phases (a. Laves). 

Hardness Screening - Solution and Age Alloys 

A linear relationship between the R c hardness and the Cb content 
of Inconel Alloy 718 is shown in Figure 28. The variation in hardness 
was the result of: (1) the solution heat treatment temperature; (2) 

the aging heat treating temperature and; (3) the substitutions and 
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additions made to compensate for the reduced Cb levels. Even with 
these parameters, a clear linear relationship between the hardness and 
Cb content occurrs. A line along the top of the shaded region has the 
equation: 


R c = 5.22 (wt% Cb) + 18.5 

This Is the best case hardness that could be obtained from Inconel 
Alloy 718 and alloys with lower Cb contents. From the results of the 
hardness test it was determined that, regardless of the added elements 
and the heat treatment, the 1.10 wt.% Cb alloys would never have 
sufficient strength to substitute for the standard Inconel Alloy 718. 
Therefore, alloys 3a through 3d were excluded from further property 
characterizations but they remained part of the structure 
characterization. 

The R c hardness for alloys 4 and 5 were excluded from Figure 28. 

A comparison of the hardness of these alloys with the other solution 
and age heat treated alloys is shown in Figure 29. Increased Ti and 
Cb has raised the hardness of these alloys above that of the other 
alloys. An equation describing the dependence of these alloys on Cb 
was not determined because of the small range of data. 

Tensile Properties - Solution and Age Alloys 

The room temperature tensile properties are shown in Table Xa and 
b. These are the properties of the alloys given a 1040°C 2 hour 
705°C 100 hour heat treatment. The yield and tensile strength of 
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alloy la, the standard Alloy 718, was In agreement with specified 
values for the alloy. The addition of B to the standard alloy, alloy 
lb, increased the yield and tensile strength and while the ductility 
increased. The B occupies vacancy sites at grain boundaries 
preventing the precipitation of weaker phases, such as a, and inhibits 
the formation of embrittling continuous carbide films. Thus the B 
addition strengthens and improves the ductility of Inconel Alloy 718. 

The yield and tensile strengths of the lower Cb alloys were 
consistently about 15% lower and the ductility higher than those for 
the standard alloy. The addition of Mo to the 3.00 wt.% Cb alloy 
increased the tensile strength slightly. The addition of B to these 
alloys seemed to improve only the yield strength, ductility of the 
alloy decreased. This is the opposite of the anticipated effect on 
ductility. Similar, but smaller, effects resulted from coincident 
additions of Mo and B. The addition of W and W+V had very similar 
effects on the tensile properties. The yield and tensile strengths 
increased about 6 - 10% and the ductility decreased compared to the 
alloy with no substitutions. The effect of Cb on the room temperature 
strength of the alloys is shown in Figure 19. The room temperature 
tensile properties of the alloys containing increased Ti were above 
the expected levels for the Cb content (Table Xb and Figure 30). The 
substitution of Ti for reduced Cb improved the tensile strength over a 
reduced Cb alloy with standard Ti levels. The ductility of the higher 
Ti alloys was comparable to the standard solution and age Alloy 718. 

The elevated temperature tensile properties of the solution and 
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age alloys are listed in Table XI and shown graphically in Figures 31 
and 32. The strength of alloys la and lb decreased rapidly at 
temperatures above 540°C (1000°F). The effect of B on the tensile 
strength decreased at elevated temperatures. The decrease in the 
strength of alloys 4 and 5 was linear between room temperature and 
650°C (1200°F). At room temperature and 650°C (1200°F) alloys 
la and 5 had similar strength. At intermediate temperatures, the 
differences strength is large. The response of alloy 4 was the same 
as alloy 5. The displacement of alloy 4 to a lower strength was the 
result of lower Cb + Ti content. The alloys containing predominantly 
Cb soften rapidly at temperatures above 540°C (1000°F). The 
alloys containing Cb and significant Ti do not soften as rapidly at 
temperatures up to 650°C (1200°F). The Ti addition improved the 
elevated temperature strength of these alloys. Alloys 2a through 2f 
and 3a through 3d were tested at room temperature and 650°C 
(1200°F). At 650°C, these alloys exhibited a strength 21-28% 
lower than at room temperature. 

The elevated temperature ductility of alloys la and lb decreased 
to a minimum between room temperature and 540°C (1000°F). Above 
540°C, ductility increases to a level comparable to that at room 
temperature. The ductility of these alloys was more strongly 
influenced by temperature than was the strength. At 540°C the 
tensile strength was 6-8% lower than at room temperature while the 
ductility was 50% lower. At all temperatures the alloy containing B 
was more ductile than the standard alloy. The lower Cb alloys 
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containing B, 2b and 2d, were less ductile than alloy 2a at room 
temperature and more ductile at 650°C (1200°F). 

Stress Rupture Properties - Solution and Age Alloys 

The stress-rupture test results are shown In Tables Xlla and b. 

The test temperatures used were: 540, 595 and 650°C (1000, 1100 and 
1200°F) . Two stress levels were tested at each temperataure to 
yield lives of 50 and 100 hours. Test specimens of alloys la and b 
were available only for testing at one temperature. Testing of alloys 
la and b was conducted at 595°C (1100°F) at both stress levels. 
Estimates were made of the stress-rupture life of these alloys at 540 
and 650°C (1000 and 1200°F). The stresses selected at 540 and 
650°C were below the yield strength of alloy la by a factor 
proportional to the test stresses at 595°C and literature values. 

At 540°C, the strength of alloy la was superior to alloys 4 and 5. 

The selected stress at this temperature was above the yield strength 
of both alloy 4 and 5. At temperatures above 540°C, the yield 
strength of alloy la decreased sharply. The stress-rupture properties 
of the alloy also decreased. Alloy 4 sustained the same stress as 
alloy la for a similar time. This alloy had only 3.49 wt.% Cb, and an 
addition of 1.10 wt.% Ti. Alloy 5 had a life at the same stress of 
over 400 hours, more than 4 times the life of the standard alloy. The 
standard alloy with an addition of B had a life over 400 hours. The 
standard alloy withstood a stress calculated to result in a 50 hour 
life at 595°C for about 20 hours. Alloy 4 had a similar life. 

Alloys lb and 5 maintained the stress for 7 times longer. At higher 
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temperatures the stress rupture strength of Alloy 718 decreases 
rapidly. At 650°C (1200°F) the approximate stress sustained by 
alloy la for 100 hours was applied to alloy 4 for 75 hours and alloy 5 
for 175.5 hours. The stress to cause failure in alloy la after 50 
hours resulted in fracture in alloy 4 after a similar time, 33 hours. 
Alloy 5 fractured after twice the time. It was expected that alloy lb 
would have a life, at each stress, less than that for alloy 5, 
because, at 650°C the strength of alloy lb was much less than at 
595°C and a large decrease in stress rupture properties was expected. 
Heat Treatment - Direct Age Alloys 

The room temperature tensile test results indicated that the lower 
Cb alloys would not be adequate substitutes for solution-and-age heat 
treated Inconel Alloy 718. The strength dependence on Cb was too 
great for solid solution strengtheners to recover the loss in 
properties at lower Cb levels. The effect of solid solution elements 
is more pronounced in applications where strain energy and deformation 
processing are important strengthening components. In these 
applications, the yield and tensile strength of the material are the 
primary considerations. The creep resistance of the material is of 
less significance. 

The specification for the mechanical properties required of this 
high strength alloy, as shown in Table XIII, includes an age heat 
treatment schedule to be followed to obtain the appropriate 
properties. The direct-age heat treatment is performed on the warm- 
or hot-rolled pieces. The schedule is: 730°C (1350°F) for 8 
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hours, furnace cool at 38°C (100°F) per hour to 620°C (1150°F) 
and hold for 8 hours at 620°C (1150°F). Figure 32 shows an 
example of this "Mini grain" or direct-age Alloy 718. The grain size 
Is about 10 urn and meets the specified hardness for the mini grain 
materi al . 

The alloys studied in the investigation were processed at 
temperatures below the 6 solvus. During the processing, the a phase 
pinned grain boundaries and retained a small grain size. There was a 
significant amount of segregation in these alloys. After heat 
treating, the structures of the alloys were similar to the as received 
material, with considerable segregation. Regions with high Cb 
concentrations had very small grains, due to the « precipitation at 
grain boundaries. Because of the lack of complete 6 precipitation at 
grain boundaries, the grain size in areas low in Cb was considerably 
larger. The lower Cb alloy structures had less segregation present 
since Cb was primarily responsible for the segregation seen in alloy 
la. The 1.10 wt.% Cb alloys had virtually no segregation after the 
rolling process. In both the 3.00 and 1.10 wt.% Cb alloys, it was 
difficult to resolve the precipitates in the alloy. Further aging 
beyond the specified time coarsened the y" and y' precipitates to 
permit resolution. 

Hardness Screening - Direct Age Alloys 

The Rockwell "C" hardness test results for these direct-age alloys 
are shown in Figure 34. A decrease in hardness was noted with a lower 
Cb content. Plotting these hardnesses with those for the solution and 
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age specimens indicates less of a dependence on Cb content in the 
direct-age condition. The equation describing the maximum attainable 
hardness in the direct-age alloys is: 

R c = 2.63 (wt.% Cb) + 34.5 

Thus, not only is the direct age hardness vs Cb curve displaced upward 
from the solution and age curve, but the slope of the curve is less. 
This indicates a lower dependence of hardness or strength on the Cb 
content in the direct age condition than in the solution and age 
condition. It was clear from this hardness data that alloys 3a 
through 3d would not attain the properties of the standard Alloy 718. 
Therefore these alloys were not considered further for applications as 
direct age substitute alloys. Based upon this data, it also appeared 
that the lower (3.00 wt.%) Cb alloys could substitute for Alloy 718 in 
direct age applications if the alloys were reprocessed and further 
strain energy were imparted to the material. This would also reduce 
the grain size of the alloys. Accordingly, these alloys were 
reprocessed by warm rolling at 967°C (1775°F). The resulting 
structures of these alloys are shown in Figures 35 through 38. 
Reprocessed Alloys 

These structures illustrate that the proper processing schedule 
was not maintained. The structure of alloy la, before aging, shows 
abundant precipitation. No grain size increase occurred, indicating 
no recrystallization. After aging, the structure of alloy la was 


52 


similar to that before aging. The majority of the precipitation that 
was possible had already occurred. The structure of the reprocessed 
and direct age alloy lb was very similar to that of la. The B 
addition had no effect on the structure of the base alloy. The 3.00 
wt.% Cb alloys exhibited a similar structure before and after the age 
heat treatment (Figures 39 through 42). The R c hardness of these 
rerolled and directly aged alloys as a function of Cb content is shown 
in Figure 34. When compared with the original direct age alloy, it is 
noted that a significant increase in R c hardness occurred. The 
slope of the line describing this curve is: 

R c = 2.55 (wt.% Cb) + 37.5 

The hardness curve was displaced by the reprocessing and the slope of 
the line decreased, indicating a greater hardness sensitivity to the 
Cb contend. 

Tensile Properties - Direct Age Alloys 

The room temperature tensile properties of the original direct age 
and reprocessed direct age alloys are shown in Tables XIV and XV. The 
reprocessing of alloys la, b, 2a, b, e, f increased the yield strength 
of each alloy, but had no effect on the room temperature tensile 
strength. The ductility of each of the alloys decreased to a level 
below the specification for Minigrain or direct age material (Table 
XIII). The elevated temperature tensile properties of the direct age 
alloys are shown in Table XVI and Figures 43 and 44. In general, the 
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effect of temperature on each of the alloys was the same. Between 
room temperature and about 540°C (1000°F) there was a 10-15% 
decrease in tensile strength. A decrease in tensile ductility 
occurred over this temperature range. The tensile strength of each 
alloy decreased an additional 9-15% between 595°C and 650°C 
(1100-1200°F). Figure 43 indicates this accelerated weakening at 
the higher temperatures. The tensile ductility of the alloys remained 
constant or increased slightly between 595 and 650°C (1100-1200°F). 

The reprocessed alloys with lower Cb were slightly stronger than 
the original direct age alloys, at 650°C (1200°F) as shown in 
Table XVII. The ductility of the reprocessed alloys is about 50-70% 
of the original direct age alloys at this temperature. This is 
consistent with the room temperature ductility, where only the base 
alloys had an increase in ductility after reprocessing. Figure 44 
indicates the effect of Cb on room and elevated temperature tensile 
strength of alloy la and 2a. The original direct age alloys and the 
reprocessed alloys showed an identical response to temperature. In 
both cases the tensile strength increased slightly because of the 
presence of W and W + V. At intermediate temperatures, the 
reprocessed alloys containing W + V had tensile strengths that were 
significantly greater than the unalloyed material. At 650°C 
(1200°F), however, the strength in the alloys containing W or W + V 
decreased below the unalloyed material. Apparently the effect of 
these elements occurred mostly at elevated temperatures, but their 
effect is negated at temperatures at or above 650°C (1200°F). 
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The reprocessed, direct age standard alloy that contained B (lb), was 
stronger than the standard alloy at room temperature and elevated 
temperatures. The effect of B was more pronounced at room temperature 
and 650°C (1200°F) than at the intermediate temperatures. The B 
addition to the reprocessed alloys with lower Cb helped the alloy 
retain significant ductility at room temperature. The effect of B on 
the room and elevated temperature strength of the lower Cb alloy was 
insignificant. 

The differences in strength between the reprocessed, direct age 
alloy containing W and W + V were varied. At room temperature and at 
650°C (1200°F), the differences were insignificant. At 540°C 
and 595°C (1000, 1100°F) the W + V containing alloy was stronger 
than the W containing alloy. Differences in ductility were consistant 
with expected results, higher strength materials had lower ductility. 
X-ray Diffraction of Extracted Phases 

Table XVIII through XXIII lists the results of X-ray diffraction 
studies on extracted phases. The phase identity and lattice 
parameters are listed. The as-rolled material contained carbides. 
Laves phase, and, in some cases, borides. The carbides extracted were 
all MC type, where M is Cb or Ti. The lattice parameter of the MC 
carbides decreased as the Cb level decreased. Qualitative chemical 
analysis indicated that the Ti :Cb ratio in these carbides increased 
with larger amounts of TiC as the Cb decreased. Since Ti has a 
smaller atomic size, the MC carbide lattice parameter decreases. The 
relative amount of Cb available for carbide formation may be reduced 
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from the formation of the Fe2Nb - Laves phase and the y'» y" phases. 
Thus, at lower Cb, the influence of TiC on the measured lattice 
parameter is more dominant. Quantitative measures of the amounts of 
TiC and NbC were not made. The addition of W + V to the lower Cb 
alloys decreased the lattice parameter of the MC carbides. Since the 
W alone produced no effect and has a smaller atomic volume than V or 
Cb, the W was probably not involved in the carbide formation. The W 
was probably in the y structure as a solid solution strengthener. 

In the as-rolled condition, some Laves phase formation was 
detected. It occurred in alloys with high Cb, and low Cb alloys with 
W added and W + V added. Some Laves was detected in the lower Cb 
alloys containing increased Mo and B additions. Significant 
segregation was present in the as-rolled alloys and these phases 
occurred in the Cb rich regions. Thus it would be improper to 
describe precisely the effect of Cb content on Laves formation in the 
alloys in this condition. The presence of W and B may have reduced 
the mobility of the elements that contribute to Laves formation. The 
only boride formation occurred in the alloys with B additions. The 
diffraction trace was the result of an M 3 b 2 type boride. The M in 
the phase was Mo, Fe and perhaps Cb. Borides form on solidification 
of the molten alloy. They are typically redissolved during heat 
treatment. No evidence of the M 23 C 6 or M 6 C carbides was 
obtained even in the high W alloys; and <$ or other TCP phase formation 
was not observed. 

The solution and age alloys contained MC carbides and Laves phase 
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in every alloy. The MC solution temperature is very near the melting 
point of the alloy, so it was not surprising that this carbide 
remained in the structure. The MC carbides had a lattice parameter 
slightly greater than those in the as-rolled alloys. The same 
relative effects of alloying and Cb content are seen in the solution 
and age alloys as in the as-rolled. It is assumed that the difference 
in lattice parameter is from a shift in the diffraction trace and not 
due to any chemistry differences. The Laves phase was present in all 
of the alloys. Very little variation in the lattice parameter in the 
extractions was measured. In some cases the extraction indicated that 
Laves existed but in volumes too small to measure the lattice 
parameter. The Laves phases had lattice parameters near those in the 
as-rolled alloys. The only boride detected in the solution and age 
alloys was in the standard alloy with a B addition. This was an 
M 3 B 2 type boride with the same lattice parameter as in the 
as-rolled alloy. The other borides were apparently completely 
dissolved during solution heat treatment. 

X-ray diffraction analysis results of the higher Ti alloys are 
also shown in Tables XIX and XX. The MC carbides have lattice 
parameters that were smaller than for the lower Ti (and lower Cb) 
alloys. This indicates a dominance of Ti in the formation of the 
carbide phase. With Cb increased from 3.49 to 3.89 wt.% and higher 
Ti, the MC carbide lattice parameter increased. The Cb content of 
alloy 4 was higher than in alloy 2a but the Ti content was also 
increased. It appears that Ti is more likely to form MC carbides than 
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Cb. This has been described by other investigations. No measureable 
amounts of Laves or borides were precipitated in these alloys, either 
before the solution heat treatment or after the age heat treatment. 

The Y ", y' phase extraction analysis was much more ambiguous than the 
secondary phase precipitation. There is almost complete overlap of 
reflected peaks in y' FCC and y“ BCT X-ray diffraction. Only one 
plane of reflection difference existed between the y'-FCC structure 
and the y"-BCT structure. This reflection, on the (020) plane, is 
weak. In order to distinguish this peak in X-ray diffraction, the 
particles must be very coarse. To obtain very coarse y" particles 
requires an age heat treatment that produces a significant amount of 
overaged 6-orthorhombic phase. The reflections from this phase also 
interfere with the identification of the y" phase. As a result. X-ray 
peak measurements were not used for relative volume measurements. The 
solution and age alloys also showed evidence of y" precipitation along 
with y* precipitation. Not much extracted material was available and 
the precipitates were fine causing significant peak splitting and 
making it impossible to calculate the lattice parameters of the y' and 
y" phases. Some evidence of n precipitation was observed. 

Alloys (la, b, 2a, b, e, f) that were reprocessed retained an MC 
carbide precipitate. The lattice parameter was slightly different 
from the original as-rolled carbide lattice. The Laves phase may have 
been dissolved during the rolling operation as little evidence of it 
was observed in the re-rolled material. The only boride in evidence 
was in the lower Cb alloy with B added. In the direct age alloys, no 
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change was noted in the MC carbides phase. Laves phase precipitation 
occurred in all the low-Cb alloys containing W and W + V. The lattice 
parameter of the Laves phase did not change, where peaks were strong 
enough to measure the parameter accurately. The la, b, 2a, b, e and f 
alloys, processed by the direct aging-heat, had a relatively strong y" 
peak. The y* lattice parameter decreased with a decrease in the Cb 
content. Since some substitution for Cb occurs into the y'-FCC 
lattice, the absence of Cb may have caused the lattice to shrink 
somewhat. This may result in lower mismatch and more stable y‘ at 
high temperature. The overaged 6-orthorhombic phase was not observed 
in the direct-age alloys. This was not expected since the processing 
of these alloys was designed to promote precipitation at grain 
boundaries. Again, interferance between y" and 6 peaks probably 
resulted in the apparent lack of 6. Photomicrographs confirm the 
presence of the phase in these alloys. 



DISCUSSION 


This section will explain the factors influencing the structure of 
Inconel Alloy 718 and the effects of chemistry modification on that 
structure. The influence of these structures on the mechanical 
properties will then be discussed. 

Strengthening of Alloy 718 

The primary strengthening phase in Inconel Alloy 718 is the 
precipitated BCT-y" with some FCC-y' precipitation present. The 
predominant strengthening mechanisms in superalloys have been described 
previously. They are: coherency strains in y" strengthened alloys 

and ordering and anti phase boundary formation in y' strengthened 
materials (25,33,34,98). The y" coherency strains are the result of 
BCT ( Y ") - FCC (y) lattice mismatch (11,12,13,23,54,61,108). The 
precipitates in these alloys are interfaced with the matrix in the 
orientation: 


{ 100 } y „ { 100 } y ; ( 001 ) Y « 



The mismatch results in a very high strength material at intermediate 
temperatures (below 0.4T^) and down to cryogenic temperatures. 
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Strains are 2. 5-2.8% in the "c" direction and 0.2-0.28% in the "a" 
direction. Coherency strains also account for the slow precipitation 
rate and low volume fraction ( 0.2) of y" in Alloy 718. At elevated 
temperatures a stronger tendency exists for y" particles to coarsen, 
reducing the coherency strains and reducing the alloy strength. 

A determination of the mismatch between the precipitate and the 
matrix can be made with the following equation (6,27,36): 

3 _ ii - a 

Mismatch = 6 = — r — 

a 

Y 

or, more precisely, taking into account the disc shape of the y" 
preci pitate: 


(a n - a ) + (C H - a ) 
Oy Qr Oy Qy 


a ii + C_ n - 2a 
Oy Qy Oy 


oy 


oy 


where a Q ^, is the matrix lattice parameter, a 0r » is the precipitate 
lattice spacing in the "a" direction and C 0y " is the lattice spacing 
in the "c" direction. The strain that this mismatch produces is 
determined by: 


... 6 . 1 + v 

strain = c = 1 + 2k * v(l-TCT 

where v is Poisson's ratio and k is the ratio of the shear modulus of 
the lattice and the precipitate. Assuming v = 1/3 and k = 1, then 
e = 2/3 «. 
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Superalloys strengthened by FCC- y* precipitation have lower 
coherency strains and rely on other mechanisms to provide elevated 
temperature strength. The lower coherency strains result in a 
precipitate that is more resistant to overaging and is stable at 
higher temperatures. The lower coherency strains also result in a 
much faster precipitation rate. 

Modification of Alloy 718 strengthening 

The development of a superalloy with a Cb content lower than 
Inconel Alloy 718 and comparable properties can proceed along several 
paths. First, solid solution strengtheners can be substituted for the 
reduced precipitation strengthening. Second, the y" precipitate that 
remains can be stablized or strengthened. Third, an equal replacement 
of y* for the reduced y" can be made through the addition of y‘ forming 
elements. The last two options must be carefully controlled to prevent 
altering the precipitation characteristics of the alloy. In the first 
case, the contribution of matrix solid solution strengtheners to the 
overall strength of a precipitation hardened superalloy is less than 
10% The strengthening effects are stable at elevated temperatures, 
however, and may have a significant contribution to strength at these 
temperatures. However, the initial creep mechanism encountered by 
these materials at high temperatures is grain boundary sliding a 
mechanism not influenced by those elements. The use of solid solution 
elements would also require the use of grain boundary stablizers. The 
amount of these elements required could lead to the formation of dele- 
terious, unpredicted, phases such as carbides, borides and TCP phases. 
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The stablization of the y" precipitates, the second option 
mentioned above, would require the reduction of the coherency strains 
between the matrix and the precipitates. The distortion of the Ni-base 
alloy matrix lattice by Fe and Cr is similar to the distortion of the 
Ni-Fe-base alloy matrix by Mo and W. When Fe and Cr distorted the 
lattice, y" precipitation became possible (6). By a similar mechanism 
Mo and W additions could increase the precipitation and stability of 
y" in lower Cb alloys. This has been accomplished in y' hardened 
alloys through additions of W and Mo (122). These are solid solution 
elements that may cause enough deformation of the matrix lattice to 
achieve better matching with the precipitate. The most potent element 
for altering the lattice is Cb (6). This element would thermodynami- 
cally rather form y" or y precipitates. The reduction of coherency 
strains in modified Alloy 718 would make y" precipitation easier by 
reducing nucleation and growth barriers. This may severely alter the 
precipitation characteristics of the alloy, however, and result in an 
alloy that could not substitute for Alloy 718 in some applications. 
Lastly, the substitution of y' forming elements for the reduced y" 
forming elements could help the alloy maintain the properties of the 
standard alloy. Again, care must be taken to avoid changing the aging 
characteristics of the alloy. The logical element choice for this 
substitution is Ti. This would promote the NigTi - Y ' precipitate. 

The proper Ti addition must be determined by the ratio of the y' and 
the y" forming elements. The y* producing elements in Ni-Fe-base 
superalloys are Ti and Al. Ti substitutions were chosen over A1 
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substitutions because of the stronger tendency to form y'. A1 in 
Ni-Fe-base superalloys partitions between y' (Nijdi.Al)) and 
environmental protection; with no Ni 3 A1 formation. In Alloy 718, 
another technique has been exploited to increase the y" precipitation 
(36,87). Because Cb is such a potent carbide former, the effective Cb 
content of Alloy 718 is decreased by the stoichiometric requirement of 
MC carbides. Table XXIV indicates the amount of Cb remaining, in the 
alloys investigated, after the MC carbide requirement has been 
satisfied. The Cb removed would probably be less than this amount 
because other elements, especially Ti and V, are also MC formers. 
However, any Cb removal would be reflected in reduced y" precipitation. 
The use of a low C Alloy 718 has been explored as a method of reducing 
Cb content while maintaining the precipitation characteristics of the 
standard alloy (83). The work that has been done in this area gave no 
clear indication of how the reduced MC carbide content will affect the 
thermomechanical processing of the alloy. As mentioned previously, MC 
carbides provide some grain size control during processing, especially 
at temperatures above the 5 solvus (Figure 12). 

Structures - Solution and Age Alloys 

The effect of each of these substitutions could be seen in this 
investigation. The alloys studied had a variety of substitutions for 
the reduced Cb content. Additions of Mo and W were made to the lower 
Cb alloys (2e, c and 3b, c). These elements provide some solid 
solution strength and there is evidence that W may join the Ni x Cb-y" 
structure. These additions had a larger effect on mechanical 
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properties at elevated temperatures than at room temperature. This 
would indicate some solid solution strengthening but not enough to 
recover the properties of the standard Alloy 718. The W and Mo could 
have another effect, as mentioned previously. Solid solution elements 
expand or contract the lattice of the matrix. This alters the mismatch 
between the precipitate and the matrix. Reduction of the coherency 
strains should stablize the precipitates at elevated temperatures, 
providing a higher use temperature. The precipitation characteristics 
of the alloy would also change; precipitation of the would be 
faster than in the base alloy. The presence of relatively large atoms 
in the matrix lattice will reduce the diffusion rate of elements 
through the lattice. A slower the precipitation rate and inhibited 
formation of the overaged phase result. Competition results from the 
effect of solid solution elements in alloys precipitating a BCT phase 
in an FCC matrix. The elements may speed precipitation by reducing 
coherency strains or may slow it by reducing diffusion. The solid 
solution elements would, in both cases, stablize the metastable 
precipitate. The hardening rates of the alloys containing W and Mo 
are shown in the graph in Figure 45 and 46. The alloy with the W 
addition showed some apparent nucleation and growth of the hardening 
precipitate in a shorter time than the lower Cb alloys with no 
additions (2a). At longer times, however, the hardness of the alloys 
is the same. The Mo addition did not change the precipitation rate in 
the lower Cb alloys (2c, 3b). It was not possible to determine the 
morphology of the precipitates (spherical y* or disc y") at the 
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shorter age times in these alloys. In the 1.10 wt.% Cb alloys (3a-d) 
the effect of the W and Mo additions was similar to the 3.0 wt.% Cb 
alloys. These alloys (3b, c) attained a peak hardness earlier than 
alloy 3a. This effect will be discussed later. 

The influence of substituting Ti for the reduced Cb was also 
examined. Literature data indicated a definite effect of the 
Tl+A1 /Cb ratio on the precipitate structure (114,115,116). Scanning 
Electron Microscope studies indicate a change in the predominant phase 
precipitating in alloys 1,2 and 3. Figures 47 through 49 indicate 
that y" is the primary precipitate in alloy 1 (the standard alloy). A 
mixture of y" and y' is apparent in alloy 2 (with 3.00 wt.% Cb). The 
y' phase is dominant in alloy 3 (1.10 wt.% Cb). Figure 50 is a plot 
of the (Ti+Al) content of alloys of this study and from the literature 
normalized by the Cb content and the Cb content, with the type of 
dominant precipitation (115,117,123). Definite y" and y' regions, 
defined by the Ti, A1 and Cb levels exist. Figure 51, with fewer data 
points, indicates the effect of Ti and Cb on the overaged phase. In 
this case A1 is not of concern because only Ti forms the overaged 

Ni 3 Ti-n phase. Again, definite regions of y and n precipitation are 
present. The effect of the particular overaged phase on properties is 
not known, but, to insure consistency throughout, it was decided to 
retain an overaged phase with a 6 or 6 + n structure. Examination of 
the SEM micrographs and X-ray diffraction data indicate that, in 
alloys 1 and 2, the overaged phase is 6 . In the micrographs of alloy 
2, Figure 47, a zone around the grain boundary that is denuded of y" 
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precipitates occurs. No y* (spherical particle) denuded zone is 
present, indicating that only Cb is removed from the bulk grain to 
form the grain boundary precipitates (125). This observation and the 
existence of the y phase in the X-ray diffraction trace indicate a 
dominance of this phase over the n phase. The 6 phase was not 
detected in alloy 3 (by X-ray diffraction) and the' precipitate was not 
found in the microstructure. The graph in Figure 51 indicates that 
the overaged phase should be n. Qualitative chemical analysis by EDAX 
indicates this could be the case since a greater amount of Ti occurs 
in the grain boundary precipitates of alloy 3 than the other alloys. 

Table XXV lists the elements responsible for precipitation in 
alloys 1, 2 and 3. The ratios of Ti+Al and Ti to Cb and their effects 
on the metastable and stable phases, respectively, are also shown. 

From these ratios and the graphs in Figure 50, it was possible to 
determine Ti and Cb levels to substitute y' for the decreased y" 
precipitate while still maintaining a slow precipitation reaction. 
Precipitation Sequence 

The hardening rate of alloy 2a was similar to that of the standard 
Alloy 718 (Figure 52). The ratio of (Ti+Al) to Cb in alloy 2a could 
be tolerated while still maintaing the slow precipitation. It was 
necessary to also increase the Cb content over that of alloy 2. As a 
result of this analysis, two alloys were developed. The increased Ti 
and Cb were maintained in a ratio to promote y" + y' precipitation. 

The y' precipitate was anticipated to be a smaller part of the room 
temperature strength, but, because of the superior elevated temperature 
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stability of y'» it should be a larger contributor to high temperature 

properties. Microstructural analysis on alloys 4 and 5 confirmed the 
effect of the Tl+A1 /Cb rat<io on the precipitate morphology. 

Figures 53, 26 and 27 shows the structure of alloys 4 and 5 after 

solution and age heat treatment. The precipitates are a combination 
of discs and spherical particles (y" and y'). The volume fraction 
(y" + y') was less than the lower Cb alloys. This may have been caused 
by a higher than expected C content. The nominal C content was within 
specified levels but, locally, the level may have been higher. The 
hardening rates of alloys 4 and 5 were comparable to that for alloy 2 
(Figure 54). This would indicate a similar precipitation sequence. 

SEM photomicrographs of alloys la, 2a, 3a, 4a and 5 after solution 
heat treatment and aging for 10, 100 and 1600 minutes show the 
precipitation characteristics of these alloys. Some y* precipitation 
in alloys la, 3a and 13a was apparent after 100 minutes at 695°C 
( 1300°F) . After 10 minutes at this temperature, a small increase in 
R c hardness took place but no observed precipitation occurred in any 
of the alloys. The precipitates were probably too small to be 
resolved. After 1600 minutes at the aging temperature more complete 
microstructures were developed. Alloy la had a structure similar to 
the alloy aged 100 hours (6000 minutes) at this temperature. Some n 
precipitation at the grain boundaries was noted. Alloy 3a had a y' + 
y" precipitate after 1600 minutes. Alloy 3a had little overall 
precipitation, but according to the hardening rate curve, it had 
reached its full hardness. The precipitates may have been too fine to 
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be seen, only being resolved after 100 hours (Figure 30). Alloys 4 
and 5 had substantial y' + y" precipitation after 1600 minutes of 
aging at 695°C (1300°F). 

These structures confirm the relative precipitation rates of the 
y' and y" phases. The y' phase precipitates first, because of the 
lower barriers to nucleation and growth, and then y" precipitates. 

The y" provides the more significant contribution to strength. The 
hardening rate curve indicates that a difference in the precipitation 
sequence in alloys 4 and 5 may exist. Alloy 4 appears to reach a 
higher hardness than alloy 5 in 100 minutes. After 6000 minutes, 
however, alloy 5 exhibits the greater hardness and strength (Figure 
54). The y* phase may precipitate faster in alloy 3 as a result of 
the lower absolute Cb content, increasing its initial hardness. The 
contribution of Cb to the longer term hardness and strength is less in 
alloy 4 than alloy 5. Accordingly, after longer aging times, alloy 5 
is stronger than alloy 4. X-ray diffraction analysis could confirm 
this. However, differences between the y‘ and y" phases cannot be 
readily determined in X-ray diffraction. Literature information, 
however, confirms this type of sequential precipitation and relative 
contribution to strengthening (114,115,116). 

Tensile Properties - Solution and Age Alloys 

The room temperature tensile properties of alloys la, 2a and 3a 
indicate the strong dependence of Alloy 718 on Cb content. The 
relationship is the same as for the hardness. The beneficial effect 
of B on the tensile properties is also evident. Additions of Ti to 
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the reduced Cb alloys improved the strength of the alloy to a level 
above this linear relationship. The Ti promotes the formation of y' 
which may have contributed to the improved strength. The grain 
boundary strength of the alloys is also important. Alloy la contained 
y and carbide precipitation at grain boundaries. These phases would 
be expected to improve the tensile properties of alloy la at room 
temperature. Alloy 5 did not exhibit the same grain boundary phases. 
The lack of grain boundary strengthening phases in alloy 5 indicate 
that the improved strength of the alloy is the result of y* precipita- 
tion strengthening. The alloy did retain the ductility of alloy la. 

The decrease in strength in alloy la at temperatures above 540°C 
(1000°F) is the result of two phenomena. First, y" strengthening 
decreased as the particles began to coarsen. Second, grain boundary 
regions became weaker. Up to 540°C, the decrease in strength is 
gradual while the ductility decreases substantially. In this 
temperature range, the coherency strains between the y" particles and 
the matrix increase. The grain boundary regions are still strong at 
these temperatures. As a result, the decrease in strength is small 
while the material becomes less ductile. At temperatures above 
540°C, grain boundary strength decreases rapidly and the y" 
particles begin to coarsen, accelerating the decrease in the coherency 
strain effect. As the temperature increases, this coarsening 
accelerates and the grain boundaries are further weakened. Strength 
decreases more rapidly and ductility increases at these temperatures. 
The B addition improved the strength and ductility of the standard 
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alloy at all temperatures. The presence of B at the grain boundaries 
prevented the formation of phases that would exhibit low energy 
fracture, stabilizing these regions at high temperatures and allowing 
the grain boundaries to retain their ductility. This results in a 
stronger, more ductile alloy. 

The strength of the lower Cb alloys was more affected by solid 
solution elements at elevated temperatures than at room temperatures. 
The W and W + V additions to the 3.0 wt.% Cb alloys were twice as 
effective at increasing strength at elevated temperatures than at room 
temperatures. The room and elevated temperature strength of the low 
Cb alloys were not affected by Mo additions. B also had a more 
significant effect at elevated temperatures. Coincident additions of 
Mo and B were less effective at elevated temperature than at room 
temperature. Interactions between the Mo and B are unlikely because 
of the relatively low temperatures involved. At elevated temperatures 
the solid solution elements provide a more significant component of 
the overall strength of the alloys than at room temperature because 
the contribution of y" precipitation ot overall strength is less in 
alloys with reduced Cb contents. The effect of y" is also reduced 
somewhat at temperatures over 595°C (1100°F) so the solid solution 
elements have a more pronounced effect at these temperatures. 

The tensile strength of the high Ti alloys did not exhibit the 
rapid decrease in strength at temperatures over 540°C (1000°F). 

As described above, this is the result of two phenomena. The y* 
precipitates provide strengthening at temperatures above the limit of 
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y" strengthening. Grain boundary strength also accounts for a large 
portion of the strengthening of these of these alloys. The grain 
boundary regions of the highest Ti alloys did not contain the phases 
that were evident in the standard alloy. At intermediate temperatures, 
the y" strengthening is significant and the grain boundaries of alloy 
la were stable. As a result, at intermediate temperatures, alloy la 
was much stronger than alloy 5. The strengthening mechanisms in the 
high Ti alloys is a combination of y' and y" effects. At lower temper- 
atures the coherency strain effects of y" probably dominate. At high 
temperatures the anti -phase-boundary and ordering effects of y* 
dominate. The lack of a sharp drop in strength at the highest tempera- 
tures and a decrease in ductility at these temperatures is strong 
evidence that APB and ordering effects were dominate in the alloy. 
Stress Rupture Properties - Solution and Age Alloys 

The stress rupture properties are also sensitive to the type of 
precipitate and grain boundary strength of the superalloy. The 
superior stress-rupture properties of the high Ti alloy is a result of 
the dominance of y' strengthening and stronger grain boundaries. The 
stronger grain boundaries in this alloy are a result of less precipita- 
tion of carbides and 6 in these regions. At all temperatures the yield 
strength of the standard alloy is greater than that for the high Ti 
alloy. However, at temperatures above 540°C (1000°F), alloy 5 has 
superior stress rupture properties, indicating reduced grain boundary 
creep in this alloy. It would be inapproprite to separate the effects 
of grain boundary strength and y' strengthening in the high Ti alloy. 
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The addition of B to the standard alloy improved its stress-rupture 
properties. The B may have improved the grain boundary ductility, as 
indicated by the ductility of alloy lb in Table X. The addition did 
not significantly affect the microstructure of the alloy, however, and 
significant precipitation occurred at the grain boundaries. It is not 
clear how the B additions altered the properties of the alloy. The 
increased ductility of superalloys containing B does make further 
alloying possible. Elements that improve strength but reduce ductility 
could be added in conjunction with B. The new alloy would be stronger 
and still retain the ductility of the original alloy. The formation 
of undesirable phases may restrict the additions of hardening elements. 
Alloying and Structures - Direct Age Alloys 

The alloys processed with the direct age heat treatment were 
consistently stronger and less ductile than the solution and age 
alloys. This was the result of smaller grain size of the direct age 
alloys. The grain size is, in turn, dependent upon the temperatures 
used during thermomechanical processing. The micrographs in Figures 
55 through 57 indicate that the proper processing schedule was not 
followed during the rerolling of alloys la, b and 2a, b, e, f. The 
as-rerolled alloys contained a large amount of y" and 6 precipitations. 
This indicates that proper temperatures were not maintained during the 
rolling. The direct age process requires that deformation occur at 
temperatures above the y" solvus and near, but not over, the a solvus, 
within the "warm rolled" temperature region. In this case, the temper- 
ature was not above the y" solvus. As a result, the y" precipitates 
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were coarse while y was heavy and extended beyond the grain boundaries. 
The rolling temperature was probably above the peak y" precipitation 
temperature and near the temperature that maximized the y precipita- 
tion. In the warm rolling temperature regime, a great deal of strain 
energy is put into the material. Some of this is lost to the recovery 
processes that take place at these temperatures, while some strain 
energy remains in the material. This energy and the precipitation of 
the strengthening phases, contribute to the material strength. If the 
deformation temperature is not into the warm rolled temperature region, 
the precipitating phase is not dissolved. At these lower temperatures, 
the recovery processes in the alloy are not activated. More strain 
energy is put into the material. 

The precipitation of y during processing reduces the Cb available for 
y" precipitation. Aging these alloys after the rerolling produced 
only a small amount of additional y" precipitation. The as-rerolled 
hardness of the alloys were similar to those for the aged alloys. 

This indicates that the hardness increase was the result of the strain 
energy input and not from the subsequent aging heat treatment (which 
also was reduced as a result of the large y precipitation.) 

Processing Effects - Direct Age Alloys 

The rerolling of alloys la, b and 2a, b, e, f increased their 
yield strength and decreased the ductility. The tensile strength of 
these alloys was not affected. This increase in flow stress was the 
result of increased strain energy input, while the lack of tensile 
strength improvement indicated that the precipitation hardening has a 
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greater effect on tensile strength than strain energy. This was the 
result of the reduced y" precipitation in the direct age rerolled 
alloys over the original direct age alloys. More precise controls and 
proper temperature selection would have yielded the proper structure 
for a direct age alloy. The standard alloy (la,b) should be thermo- 
mechanical ly processed above 980°C (1800°F) and below 1000°C 
(1830°F). This would dissolve y" and still permit some y precipi- 
tation. Some recovery will have occurred but no recrystallization 
will develop. In alloys 2a, b, e, and f, the recrystallization 
temperature is similar to that for the standard alloy. These alloys 
should be processed alone at temperatures around 980°C (1800°F). 
Segregation in direct age alloys has been avoided in other investiga- 
tions. Homogenization of the standard alloy is possible, without 
grain growth, at temperatures between 996°C (1825°F) and 1010°C 
(1850°F). This will dissolve the s, y"» TCP and boride phases in 
the material. The alloys are held at these temperatures for 24 to 48 
hours to insure homogenization. Thus, several, carefully controlled 
processing steps are required to obtain the proper direct age 
structure. These steps were described previously; here the steps are 
listed with the temperature range these steps require, after melting, 
casting and homogenization (26): (i) extrusion (or forging, rolling, 

etc.) at 980-1000°C ( 1800-1820°F) , (ii) upset forging, (iii) 
homogenization at 996-1010°C (1825-1850°F), repeat (i) through 
(iii) until the desired grain size is developed. Once the proper 
grain size is attained, the alloy is given the two step age heat 
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treatment; 730°C(1350°F)/8 hours; furnace cool at 38°C (100°F) 
per hour; hold at 620°C (1150°F)/8 hours; air cool. 

Tensile Properties - Direct Age Alloys 

The direct age alloys were consistently stronger and less ductile 
than the solution and age alloys. The direct age alloys in this study 
were 12 to 15% stronger than the corresponding solution and age alloy. 
The ductilities were about 50% of the solution and age alloys. The 
reduced Cb alloys, reprocessed and direct aged, were not as strong as 
the standard Alloy 718. The decrease in room temperature strength was 
comparable to that for the original direct age alloys and less than 
that for the solution and age alloys. The effect of B, W and W+V 
additions were, surprisingly, more pronounced in the solution and age 
alloys. The similarity of tensile properties for the original direct 
age and the reprocessed direct age alloys indicates that the rolling 
operation was not successful because of the improper rolling 
temperature. The effect of reduced Cb in the solution and age alloys 
is to reduce y" precipitation and weaken the alloy. A similar response 
is apparent in the direct age alloys. The y" precipitate is a major 
strengthener in these alloys. The strain energy imparted to the 
material diaplaces the entire curve to a higher base strength; but the 
dependence on Cb is unaltered. Standard Alloy 718 was strengthened by 
the B addition, apparently by strengthening the grain boundries. No 
corresponding decrease in ductility occurred in alloy lb. At elevated 
temperatures this alloy maintained its superiority in strength and 
ductility. 
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The effect of temperature on direct age alloys is similar for the 
two Cb levels. The 3.0 wt.% Cb alloys were shifted 10-15% below the 
strength of the standard alloy at elevated temperatures. The alloys 
containing W and W+V were slightly stronger, at room temperature, than 
the same alloy with no additions. The B addition to the lower Cb alloy 
had no effect on strength at any temperature. Apparently the B 
provides no strength to the grain boundaries of these lower Cb alloys. 
It did not improve the strength of the original direct age alloy 
either. An increase in ductility in the alloy occurred both in the 
original and reprocessed alloys as a result of the B addition. The B 
may prevent continuous carbide film formation, but, due to the 
reprocessing conditions, weaker, denuded, grain boundaries could not 
be avoided. At the highest temperatures the lower Cb alloys had very 
similar ductility. At elevated temperatures, only the alloy with W+V 
additions was able to remain stronger than the low Cb alloy with no 
additions. The effect of the W addition diminished at temperatures of 
540°C (100°F). The expected solid solution effects of W were not 
evident. Based upon the similar high temperature strengths of alloy 
2a and 2e, the predominant strengthening mechanism in these alloys is 
coherency strains between y" and y. Solid solution strengtheners and 
the presence of y‘ precipitates had no effect on strength of the direct 
age alloys. The lask of influence by V or W+V together was not clear. 
Vanadium is a strong MC carbide former. The formation of significantly 
more carbides may have prevented the recovery processes or delayed them 
to higher temperatures. The V may stabilize grain boundary carbides 
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but this is unlikely because of the presence of the y phase at grain 
boundaries in direct age alloys. 

As seen in the solution and age alloys the tensile ductility of the 
direct age alloys decreased at intermediate elevated temperatures. The 
decrease in ductility between room temperature and 595°C (1100°F) 
was the result of increased coherency strains between the precipitate 
and the matrix. Competing against the coherency strain mechanism are 
softening mechanisms activated by the higher temperature. The result 
could be a weaker less ductile alloy at intermediate temperatures. At 
the highest test temperature, 650°C (1200°F), the coherency strains 
have been overcome by the grain boundary weakening and coarsening. 
Coarsening reduces precipitate surface area and promotes the formation 
of non-coherent phases or y. The result, as shown here and in other 
studies, is a large decrease in tensile strength over a particular 
temperature range. For all the alloys in this direct age study, this 
temperature range is between 560°C (1050°F) and 650°C (1200°F). 

At 650°C (1200°F), regardless of alloying additions, the lower Cb 
alloys had essentially the same strength and ductility. This further 
indicates that the predominant strengthening mechanism in direct age 
alloys is y" precipitation and the grain boundary strength. Solid 
solution effects are negligible in direct age alloys at the maximum 
service temperatures. Surprisingly, the softening temperature of the 
direct age alloys was the same as that for the solution and age 
alloys, 560°C. 

Segregated regions rich in Cb and some other elements are also 
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prone to the formation of deleterious phases. The as-rolled and direct 
age heat treated alloys contained significant amounts of the Laves 
phase as the result of this segregation. During processing, a heat 
treatment to dissolve these phases is essential. The Laves phase 
apparent from the X-ray diffraction analysis was much finer and more 
disperse throughout the microstructure. The severe segregation could 
also promote the formation of carbides that do not normally occur in 
more homogeneous alloys. The Mo + W content has been shown to have a 
strong effect on the carbide structure. Accordingly, Mo + W content 
may exceed the threshold amount to change the carbides while the bulk 
alloy would not (28,49,50). The effect of homogeneous composition on 
the precipitated phases is complex. Interactions between elements and 
phases can cause ambiguous analysis. This investigation attempted to 
avoid these interactions so that results could be analyzed more 
precisely. 

Alloying Effects on Stoichiometry of Phases 

Changes in the Ti + A1 to Cb ratio affects not only the strengthen- 
ing precipitates; it also influences the other phases in the alloy. As 
the ' 1 /Cb ratio increases, the MC carbide will contain greater 
proportions of Ti (or, conversely, less Cb). As a result, the lattice 
of the MC carbide will change. Since the atomic volume of Ti is less 
than that of Cb, a slight decrease in the lattice parameter of the MC 
carbides occurs as the Tl /Cb ratio increases. The lattice parameter 
of pure CbC is greater than that of the extracted carbide, indicating 
a (Ti, Cb)C even in the standard alloy 718. The decrease in the y' 
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lattice parameter at lower Cb, observed in the direct age alloys, did 
not take place in the solution and age heat treated alloys. The 
lattice parameter decrease may have been the result of two effects: 

(1) the reduced Cb content from the significant precipitation in the 
direct age alloys, and (2) the short age times. First, Cb has been 
shown to substitute into the FCC - y' lattice (6,126). The lattice 
parameter of the y' would increase in the presence of Cb. The y 
precipitation may have reduced the available Cb in the 3.0 wt.% Cb 
alloys. Second, at longer aging times, as in the solution and age 
heat treated alloys, the y' phase may reject Cb as it coarsens, 
reducing the strains on the y 1 lattice as it does so. This would 
reduce the y' lattice parameter by reducing the y' Cb content. The 
combination of these two effects may account for the different lattice 
parameter behavior of the direct age and solution and age alloys. 
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CONCLUSIONS 


Based on the above results, the following conclusions can be made: 

1. Reduced Cb contents in Inconel Alloy 718 reduces the precipita- 
tion of the primary strengthening phase, y"» and promotes formation of 
y 1 precipitates, at the standard Ti contents. The (Al + Ti)/cb ratio 
will indicate the strengthening phase that forms. The decreased y" 
precipitation results in a decrease in tensile strength at room temper- 
ature and 650°C (1200°F), with a linear relationship between Cb 
content and tensile properties. Additions of solid solution strength- 
ening elements do not recover these properties to the level of the 
original alloy. Increased y' forming elements, in the presence of 
reduced Cb, will recover some of these properties at room temperature. 

2. At temperatures above 540°C (1000°F) Alloy 718 undergoes a 
sharp decrease in tensile properties as the result of y" coarsening 
and reduced grain boundary strength. In the presence of increased y' 
formers, in a reduced Cb alloy, the tensile properties exhibit a linear 
response to temperature between 25 and 650°C (77-1200°F) as the 
result of y' stability and grain boundary strength. An alloy contain- 
ing 3.89 wt.% Cb and 1.27 wt.% Ti exhibited stress-rupture properties 
superior to Alloy 718 at 595 and 650°C (1100, 1200°F). 

3. Direct age alloys with reduced Cb can substitute for the 
standard alloy in applications where yield and tensile strength are 
important. The deformation processing and direct age heat treatment 
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must be tightly controlled to avoid undesirable structures. 

4. The addition of B to solution and age heat treated Alloy 718 
produced a coincident increased yield and tensile strength and an 
increase in ductility. The stress-rupture life of the standard alloy 
was improved greatly as a result of the B addition. Additions of B to 
solution and age alloys with reduced Cb, while not strongly influencing 
tensile strength, could improve the tensile and stress-rupture 
properties of these alloys as well. 
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TABLE I 

NOMINAL COMPOSITIONS OF NICKEL-BASE SUPERALLOYS 


Alloy Nominal composition, wt % 

Designation C Mn Si Cr Co Mo W Nb Ti A) B 2r Fe OtheTs 


Astrol oy 

0.06 

- 

- 

15.0 

15.0 

5.25 

- 

- 

3.5 

4.4 

0.03 

“ 

- 

- 

IN-100 

0.18 

- 

- 

10.0 

15.0 

3.0 

- 

- 

4.7 

5.5 

0.014 

0.06 

- 

1.0 V 

In-792 

0.21 

- 

- 

12.7 

9.0 

2.0 

3.9 

- 

4.2 

3.2 

0.02 

0.10 

- 

- 

Inconel 625 

0.05 

0.2 

0.2 

21.5 

- 

9.0 

- 

3.6 

0.2 

0.2 

- 

- 

2.5 

- 

Inconel 706 

0.03 

0.2 

0.2 

16.0 

- 

- 

- 

2.9 

1.8 

0.2 

- 

- 

40 

0.2 Cu 

Inconel 718 

0.04 

0.2 

0.2 

18.5 

- 

3.0 


5.1 

0.9 

0.5 

- 

- 

18.5 

0.2 Cu 

Inconel X-750 

0.04 

0.5 

0.2 

15.5 

- 

- 

- 

1.0 

2.5 

0.7 

- 


7.0 

0.2 Cu 

Rene 41 

0.09 

- 

- 

19.0 

11.0 

10.0 

- 

- 

3.1 

1.5 

0.010 

- 

1.0 

- 

Rene 77 

0.15 

- 

- 

15.0 

18.5 

5.2 

- 


3.5 

4.25 

0.05 

“ 

1.0 

- 

Rene 80 

0.17 

- 

- 

14.0 

9.5 

4.0 

4.0 

- 

5.0 

3.0 

0.015 

0.03 

- 

- 

Rene 95 

0.15 

- 

- 

14.0 

8.0 

3.5 

3.5 

3.5 

2.5 

3.5 

0.01 

0.05 

- 


Udimet 630 

0.04 

0.2 

0.2 

17.0 

1.0 

3.1 

3.0 

6.0 

1.1 

0.6 

0.005 

- 

17.5 


Udimet 700 

0.07 

- 

- 

15.0 

18.5 

5.0 

- 

- 

3.5 

4.4 

0.025 

- 

0.5 

- 

Waspaloy 

0.07 

0.5 

0.5 

19.5 

13.5 

4.3 

- 

- 

3.0 

1.4 

0.006 

0.09 

2.0 

0.03 S 
0.10 Cu 
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TABLE II 

EFFECT OF THE ELEMENTS CONTAINED IN THE ALLOYS OF THE STUDY 


INCONEL ALLOY 718 


ELEMENT 

CONCENTRATION 
(WT. ) 

MAJOR EFFECT 

MINOR EFFECT 

Ni 

55 

MATRIX & PRECIP. 


Fe 

19 

MATRIX 

LAVES, ,M 3 B 2 

Cr 

18 

ENVIRONMENTAL 

PROTECTION 

y,y' HARDENER, 
m 23C6 

C 

0.10 MAX 

CARBIDE FORMER 

Mo 

3.00 

Y HARDENER 

m 6C,M23C6»M3B2 

A1 

0.55 

y' FORMER, 

ENVIR. PROTEC. 

y HARDENER 

Ti 

0.87 

y' FORMER 

MC, LAVES 

Cb+Ta 

5.10 - 5.60 

y', y" FORMER 

MC, LAVES 

Si 

0.35 MAX 

PROMOTES 

LAVES 

P 

0.15 MAX 

PROMOTES CARBIDES 

S 

0.15 MAX 

SULFIDE FORMER 

Mn 

0.35 MAX 

PROMOTES 

LAVES 

B 

0.003 

G.B. STRENGTHENER 

M 3 B 2 

W 


y, y' HARDENDER 

m 6 c 

V 


y' HARDENER 

MC 
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TABLE III 

CRITICAL TEMPERATURES IN THE PROCESSING 
OF INCONEL 718 


TEMPERATURES <>c (0 F ) 
675-900 (1250-1650) 
790-995 (1450-1825) 

1000 (1830) 


EFFECTS 

y" PRECIPITATION 

6 PRECIPITATION 

RECRYSTALLIZATION 

TEMPERATURE 


NON - STRENGTHENING PHASES 


760-995 (1400-1825) 
870-1075 (1600-2150) 
815-955 (1500-1750) 
1095-1075 (2000-2150) 
SOLIDIFICATION 
1260 (2300) 


M 23 C 6 PRECIPITATION 
M6C PRECIPITATION 
o PRECIPITATION 
BORIDE PRECIPITATION 
MC PRECIPITATION 
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TABLE IV 

COMPOSITION OF ALLOYS IN THIS STUDY 


Weight % Atomi c % 


Alloy 

Ti_ 

Cb 

Mo 

W 

V 

B 

Tl 

Cb 

Mo 

W V 

B 

la 

0.87 

5.32 

3.10 

- 

- 

- 

1.11 

3.34 

1.83 


- 

lb 

0.87 

5.30 

3.10 


- 

0.04 

1.11 

3.33 

1.83 

- 

0.212 

2a 

0.87 

3.20 

3.10 

- 

- 

- 

1.17 

1.91 

1.85 

- 

- 

2b 

0.87 

3.20 

3.10 

- 

- 

0.04 

1.17 

1.89 

1.85 

- 

0.213 

2c 

0.87 

3.10 

5.80 


- 

- 

1.14 

1.86 

2.09 


- 

2d 

0.87 

3.10 

5.80 


- 

0.04 

1.14 

1.86 

2.09 

- 

0.212 

2e 

0.87 

3.00 

2.99 

3.00 

- 

- 

1.12 

1.84 

1.82 

1.82 - 

- 

2f 

0.87 

3.00 

3.00 

3.00 

0.9 

- 

1.11 

1.83 

1.81 

1.81 1.03 - 

3a 

0.87 

1.10 

3.10 

- 

- 

- 

1.22 

0.69 

1.88 

- 

- 

3b 

0.87 

1.10 

5.80 

- 

- 

- 

1.20 

0.67 

2.14 

- 

- 

3c 

0.87 

1.10 

3.00 

3.00 

- 

- 

1.20 

0.66 

1.85 

1.83 - 

- 

3d 

0.87 

1.10 

3.00 

3.00 

0.9 

- 

1.19 

0.65 

1.84 

1.83 - 

- 

4 

1.09 

3.49 

3.00 

- 

- 

- 

1.32 

3.08 

1.81 

- 

- 

5 

1.27 

3.89 

3.00 


_ 


1.54 

3.13 

1.81 

- 

- 


Elements Common to All Alloys: 


Ni + Co 

- Balance 

C - 

0.04 max. 

Fe 

- 19.0 

Si - 

0.35 max. 

Cr 

- 18.0 

S - 

0.15 max. 

Al 

- 0.55 

P - 

0.15 max. 



Mn - 

0.15 max. 
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TABLE V 

SOLUTION AND AGE HEAT TREATMENTS 
FOR THE ALLOYS OF THIS STUDY 

SOLUTION AND AGE HEAT TREATMENTS 

SOLUTION TEMPERATURES °C (°F; ALL FOR 2 hr.) 

1095 (2000) 

1040 (1900) 

980 (1800) 

930 (1700) 

AGE TREATMENTS 

TEMPERATURE °c (Op) 

870 (1600) 

815 (1500) 

760 (1400) 

705 (1300) 


TIME (hr.) 
5 

10 

10 

25 

25 

50 

100 

50 

100 


650 (1200) 


100 
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TABLE VI 

PROCESSING OF INCONEL ALLOY 718 FOR 
OPTIMUM MECHANICAL PROPERTIES 


CAST ALLOY 718 


SOLUTION AND AGE 

DA - DIRECT AGE 

PROCEDURE 

PROCEDURE 

1. HOMOGENIZE 

2. HOT OR WARM ROLL 

3. SOLUTION; QUENCH 

4. AGE 

1. HOMOGENIZE 

2. HOT, WARM OR 

COLD ROLL 

3. AGE 

FEATURES OF MATERIAL AFTER PROCESSING 

LARGER GRAINS 
(ASTM 4-7) 

SMALLER GRAINS 
(ASTM 10-14) 

HIGHER USE TEMPERATURE 
(TO 650°C ( 1200°F) 

LOWER USE TEMPERATURE 
(TO 540°C ( 1000°F) 

GREATER DUCTILITY 
(OVER 18/) 

LOWER DUCTILITY 
(10-15/) 

CREEP RESISTANCE 
AGE CYCLE CAN BE MODI- 
FIED TO THE APPLICATION 

VERY HIGH YIELD AND 
TENSILE STRENGTH 
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TABLE VII 

ALLOYS, CONDITIONS AND TESTS PLANNED IN THIS STUDY 


Stress-Rupture 





Tensile 

Tests 



Tests 


Alloy 

Condition* 

2T~ 

540 

595 

“550 

550““ 

595 

~ 550 

TTaTF) 

SA 

T 

“JT 

“5T 

~5T 

“5T 

~T~ 

“5T 

2 (a-f) 

SA 

X 



X 




3 (a -d ) 

SA 

X 



X 




4 

SA 

X 

X 

X 

X 

X 

X 

X 

5 

SA 

X 

X 

X 

X 

X 

X 

X 

l(a,b) 

DA 

X 

X 

X 

X 


X 


2(a,b,e, 

f) DA 

X 

X 

X 

X 


X 



* SA = Solution and Age Heat Treatment 
DA = Direct Age Heat Treatment 
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TABLE VIII 

EFFECT OF SOLUTION TEMPERATURE ON GRAIN SIZE AND 
SECONDARY PHASE PRECIPITATION IN SOLUTION 
AND AGE ALLOYS WITH DECREASING Cb CONTENT 


A1 loy 

Solution 
°C(°F)2 hrs.* 

Grain Area 
(p m2) 

Boundary Cond. 

la 

(2000) 

150000 

spotty, light precip. 

la 

1040 (1900) 

10000 

light precip. 

la 

980 (1800) 

6000 

light, even precip. 

la 

940 (1700) 

250** 

heavier precip. (MC, y) 

2a 

(2000) 

6000 

light precip. 

2a 

1040 (1900) 

6000 

light precip. 

2a 

980 (1800) 

2000** 

heavier precip. 

2a 

940 (1700) 

300 

heavier precip. (MC, y) 

3a 

(2000) 

1500 

medium precip. 

3a 

1040 (1900) 

2400 

medium precip. 

3a 

980 (1800) 

1000 

medium precip. 

3a 

940 (1700) 

200 

spotty, heavier 


precip. 


* Age = 7050c (1300°F) 100 hour, AC 

** (Duplex; segregation) 
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TABLE IX 

EFFECT OF AGE TEMPERATURE ON DIMENSIONS OF y" AND 
VOLUME FRACTION y' y" AND n IN SOLUTION AND AGE ALLOYS 


Solution = 1900OF 2 hr. 
Alloy Age Temperature <>C( 0 F) 


la 

705 (1300) 
815 (1500) 

lb 

705 


815 

2a 

705 


815 

2b 

705 


815 

2c 

705 


815 

2d 

705 


815 

2e 

705 


815 

2f 

705 


815 

3a 

705 


815 

3b 

705 


815 

3c 

705 


815 

3d 

705 


815 


y 1 

Vol ume % 

II 

y 

n 

Aspect 
ratio of 


20-25 

GB* 

4.0 

- 

15 

20-30 

2.75 


20-25 

GB 

4.0 

- 

15 

20-30 

2.75 

20 

10-15 

GB 

2.5 


5 

5-10 

2.33 

20 

10-15 

GB 

2.5 


- 

10 

2.33 

20 

10-15 

GB 

2.5 


- 

10 

2.33 

20 

10-15 

GB 

2.5 


- 

5-10 

2.33 

20 

10-15 

GB 

2.5 


- 

10 

2.33 

20 

10-15 

GB 

2.5 


- 

10 

2.33 

15 

- 

GB 

- 

15 

- 

GB 

- 

15 

- 

GB 

- 

15 


GB 



* GB = Grain Boundary Precip 
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TABLE X: a) 

ROOM TEMPERATURE TENSILE PROPERTIES OF 
SOLUTION AND AGE ALLOYS* 


Alloy 

Yield Strength 

Tensile 

Strength 

% Elongation 


(ksi ) 

(MPa) 

(ksi ) 

(MPa) 


la 

122.1 

841.9 

186.6 

1286.6 

16.5 

lb 

135.7 

935.6 

198.6 

1369.3 

19.4 

2a 

77.1 

531.6 

158.3 

1091 .4 

30.8 

2b 

97.3 

670.9 

167.8 

1156.9 

24.7 

2c 

77.1 

531.6 

159.6 

1100.4 

36.5 

2d 

89.3 

615.7 

165.1 

1138.4 

28.8 

2e 

91 .5 

630.9 

167.6 

1155.6 

30.0 

2f 

96.4 

664.6 

168.6 

1162.5 

27.7 

3a 

65.0 

448.2 

138.6 

955.6 

21.0 

3b 

75.5 

520.6 

139.6 

962.5 

20.5 

3c 

70.5 

486.1 

141.8 

977.7 

23.8 

3d 

75.0 

517.1 

140.5 

968.7 

21.9 


* Solution = 1040°C (1900°F) 2 hours, A.C. 
Age = 705°C (1300°F) 100 hours, A.C. 
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TABLE X: b) 


ROOM TEMPERATURE TENSILE PROPERTIES OF 
SUPPLEMENTAL SOLUTION AND AGE ALLOYS* 


Alloy 

Yield Strength 

Tensile Strength 

% Elongation 


(ksi ) 

(MPa) 

(ksi ) 

(MPa) 


4 

109.1 

752.2 

171.1 

1179.7 

25.0 

5 

126.1 

869.4 

179.9 

1240.4 

23.5 


* Solution = 1 040°C (1900°F) 2 hours, A.C. 
Age = 705°C (1300°F) 100 hours, A.C. 
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TABLE XI 

ELEV ATED TEMPERATURE TENSILE PROPERTIES 
OF THE SOLUTION AND AGE ALLOYS* 



Test 






Temperature 

Yield 

Tensile 

Alloy 

°C(°F) 

Strength 

Strength 



(ksi) 

(MPa) 

(ksi) 

(MPa) 

la 

540 (1000) 

143.7 

990.8 

175.1 

1207.3 

lb 

540 

157.6 

1086.6 

181.4 

1250.7 

4 

540 

106.4 

733.6 

143.6 

990.1 

5 

540 

120.8 

832.9 

153.7 

1059.7 

la 

595 (1100) 

137.6 

948.7 

162.3 

1190.0 

lb 

595 

144.5 

996.3 

173.8 

1198.3 

4 

595 

105.6 

728.1 

141.7 

977.0 

5 

595 

119.7 

825.3 

151.6 

1045.2 

la 

650 (1200) 

121.4 

837.0 

152.8 

1053.8 

lb 

650 

126.7 

873.6 

158.5 

1092.8 

2a 

650 

83.8 

577.8 

118.3 

815.7 

2b 

650 

92.1 

635.0 

132.4 

912.9 

2c 

650 

82.8 

570.9 

128.6 

886.7 

2d 

650 

90.7 

625.4 

119.3 

822.5 

2e 

650 

92.1 

635.0 

131.7 

908.3 

2f 

650 

90.7 

625.4 

132.4 

912.9 

3a 

650 

64.4 

444.0 

101.0 

696.4 

3b 

650 

65.9 

454.4 

110.5 

761.9 

3c 

650 

65.2 

449.5 

113.3 

781.2 

3d 

650 

63.3 

436 .4 

110.5 

761.8 

4 

650 

104.1 

717.7 

137.1 

945.3 

5 

650 

117.6 

810.8 

148.3 

1022.5 


* Solution heat treatment: 1040°C (1900° F) for 2 hours; 

Age heat treatment: 705°C (1300°F) for 100 hours; Air 


% Elongation 


7.7 

9.8 

24.0 

20.0 

10.7 

12.4 

21.5 

19.5 

12.8 

16.5 

20.0 

23.5 

26.5 

20.0 

25.5 

25.0 

23.8 

18.9 

19.8 

23.8 

16.0 
14.0 


Air Cool 
Cool 
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TABLE XII: a) 

STRESS RUPTURE PROPERTIES FOR ALLOYS TESTED, 
100 HOUR TESTS 


Alloy 

Temperature °C (°F) 

Stress 

Life (Hr.) 

% Elongation 



(ksi) 

(MPa) 



la 

540 (1000) 

127.0 

875.6 



lb 

540 

127.0 




4 

540 

127.0 




5 

540 

127.0 




la 

595 (1100) 

115.6 

797.0 

88.7 

3.0 

lb 

595 

115.6 


400 

* 

4 

595 

115.6 


87.5 

5.0 

5 

595 

115.6 


430.8 

4.0 

la 

650 (1200) 

90.0 

620.5 

100 

4.0 

lb 

650 

90.0 


200 

5.0 

4 

650 

90.0 


75 

8.0 

5 

650 

90.0 


175.5 

7.0 


* Specimen removed prior to fracture 
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TABLE XII: b) 

STRESS-RUPTURE PROPERTIES FOR ALLOYS TESTED, 
50 HOUR TESTS 


Alloy 

Temperature °C (°F) 

Stress 

Life (Hr.) 

Elongation 



(ksi) 

(MPa) 



la 

540 (1000) 

130.0 

896.3 



lb 

540 

130.0 




4 

540 

130.0 




5 

540 

130.0 




la 

595 (1100) 

120.0 

827.4 

20.1 

3.0 

lb 

595 

120.0 


164.8 

3.5 

4 

595 

120.0 


60.1 

4.8 

5 

595 

120.0 


147.9 

3.6 

la 

650 (1200) 

95.0 

655.0 

25* 

5.0 

lb 

650 

95.0 


100* 

6.0 

4 

650 

95.0 


33.2 

5.8 

5 

650 

95.0 


116.4 

5.5 


Estimated 
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TABLE XIII 

GENERAL ELECTRIC SPECIFICATION FOR 
THE MINIGRAIN INCONEL ALLOY 718 (83) 


Forgings supplied in the following condition: 


Heat treated: 

720°C + 15° (1325°F + 25°) for 8 hours; furnace 
cool at 38°C + 15° (100°F + 25°) per hour, to 
620°C + 15° (1150°F + 25°) and hold for 8 hours; 
air cool. 


Hardness: BHN 363 to 477 or R c 39 to 50 


Tensile properties: 

Room Temperature 650°C(1200°F) 



(ksi) 

(MPa) 

(ksi) 

(MPa) 

Tensile Strength 

210 

1447.9 

170 

1172.1 

Yield Strength 

185 

1275.5 

150 

1034.2 

Elongation 

12 


12 


Reduction in Area 

20 


20 
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TABLE XIV 

ROOM TEMPERATURE TENSILE PROPERTIES OF 
THE ORIGINAL DIRECT AGE ALLOYS* 


Alloy 

Yield Strength 
(ksi) (MPa) 

Tensile Strength 
(ksi) (MPa) 

% Elongation 

la 

197.7 

1363.1 

214.7 

1480.3 

4.7 

lb 

201.4 

1388.6 

217.1 

1496.9 - 

5.3 

2a 

164.3 

1132.8 

186.4 

1285.2 

15.3 

2b 

149.1 

1028.0 

186.4 

1285.2 

16.5 

2c 

156.0 

1075.6 

184.6 

1272.8 

16.5 

2d 

158.9 

1095.6 

184.4 

1271.4 

16.5 

2e 

158.0 

1089.4 

189.4 

1305.9 

15.3 

2f 

161.4 

1112.8 

189.4 

1305.9 

11.8 


* Age heat treatment: 730°C (1350°F) for 8 hours; furnace cool 

at 38°C (100°F) per hour to 620°C 
(115 0°F) and hold 8 hours; air cool. 
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TABLE XV 

ROOM TEMPERATURE PROPERTIES OF DIRECT AGED ALLOYS* 


Alloy 

Yield 

Strength 

Tensile 

Strength 

% Elongation 


(ksi) 

(MPa) 

(ksi) 

(MPa) 


la 

205.0 

1413.4 

212.8 

1467.2 

8.0 

lb 

206.8 

1425.8 

221.6 

1527.8 

10.7 

2a 

165.5 

1141.1 

183.7 

1266.6 

9.5 

2b 

159.2 

1097.6 

182.0 

1254.8 

10.5 

2e 

171.9 

1185.2 

192.0 

1323.8 

8.0 

2f 

171.9 

1185.2 

191.8 

1322.4 

7.5 


* Age heat treatment: 730°C (1350°F) for 8 hours; furnace cool 

at 38°C (100°F) per hour to 620°C 
(1150°F) and hold 8 hours; air cool. 
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TABLE XVI 

ELEVATED TEMPERATURE TENSILE PROPERTIES OF 
DIRECT AGED ALLOYS* 


Alloy 

Test 

Temperature 

°C(°F) 

Yield Strength 

Tensile 

Strength 



(ksi) 

(MPa) 

(ksi 

(MPa) 

la 

540 (1000) 

178.7 

1232.1 

189.7 

1307.9 

lb 

540 



134.2 

925.3 

2a 

540 

155.2 

1070.0 

162.3 

1119.0 

2b 

540 



162.3 

1119.0 

2e 

540 



164.6 

1134.9 

2f 

540 



175.9 

1212.8 

la 

595 (1100) 

175.7 

1211.4 

183.4 

1264.5 

lb 

595 



187.8 

1294.8 

2a 

595 

150.7 

1039.0 

163.6 

1128.0 

2b 

595 



159.2 

1097.6 

2e 

595 



164.8 

1136.3 

2f 

595 



168.7 

1163.1 


la 650 (1200) 150.3 

lb 650 

2a 650 

2b 650 

2e 650 

2f 650 


1036.3 159.2 1097.6 

167.7 1156.3 

151.1 1041.8 

148.3 1022.5 

150.2 1035.6 

148.3 1022.5 


% Elongation 

5.6 

6.7 

4.7 

6.7 
6.7 

4.6 

7.7 
7.7 

5.6 

7.7 

6.7 

7.7 

10.9 

9.0 

7.7 

7.7 

7.7 

7.7 


143.5 


989.4 
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TABLE XVII 

650°C (1200°F) TENSILE PROPERTIES OF 
THE ORIGINAL DIRECT AGE ALLOYS* 


Alloy 

Yield 

Strength 

Tensile 

Strength 

% Elongation 


(ksi) 

(MPa) 

(ksi) 

(MPa) 


la 

160.0 

1103.2 

164.3 

1132.8 

14.1 

lb 

164.3 

1132.8 

172.8 

1191.4 

9.4 

2a 

138.1 

952.2 

149.3 

1029.4 

16.0 

2b 

132.6 

914.2 

145.2 

1001.1 

15.6 

2c 

131.7 

908.0 

140.5 

968.7 

14.1 

2d 

130.0 

896.3 

141.1 

972.85 

15.9 

2e 

134.8 

929.4 

146.5 

1010.1 

17.1 

2f 

135.4 

933.6 

145.2 

1001.1 

15.6 


* Age heat treatment: 730°C (1350°F) for 8 hours; furnace cool 

at 38°C (100°F) per hour to 620°C 
(1150°F) and hold 8 hours; air cool. 


112 


TABLE XVIII 

X-RAY DIFFRACTION RESULTS OF THE AS-ROLLED ALLOYS 


Alloy 

MC (a; A) 

Laves (a, c; A) 

M 3 B 2 (a,c;A) 

la 

4.424 

4.75, 7.90 

- 

lb 

4.422 

- 

5.80, 3.10 

2a 

4.415 

- 

- 

2b 

4.420 

4.80, 7.85 

5.80, 3.10 

2c 

4.415 

- 

- 

2d 

4.410 

4.80, 7.85 

5.70, 3.20 

2e 

4.417 

4.75, 7.80 

- 

2f 

4.410 

4.80, 7.85 

- 

3a 

4.404 

- 

- 

3b 

4.395 

- 

- 

3c 

4.395 

4.80, 7.85 

- 

3d 

4.390 

4.80, 7.85 

- 

4 

4.407 

- 

- 

5 

4.410 


_ 
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TABLE XIX 

X-RAY DIFFRACTION RESULTS FOR SOLUTION AND 
AGE ALLOYS - SECONDARY PHASES* 


Alloy 

MC (a; A) 

Laves (a, c; A) 

M 3 B 2 (a, c; - 

la 

4.429 

4.85, 7.90 

- 

lb 

4.415 

+ 

5.75, 3.10 

2a 

4.429 

+ 

- 

2b 

4.416 

+ 

- 

2c 

4.426 

+ 

- 

2d 

4.412 

4.85, 7.90 

- 

2e 

4.415 

+ 

- 

2f 

4.408 

4.90, 8.05 

- 

3a 

4.401 

+ 

- 

3b 

4.389 

4.80, 7.85 

- 

3c 

4.384 

4.80, 7.85 

- 

3d 

4.384 

4.80, 7.85 

- 

4** 

4.407 

- 

- 

5** 

4.416 

. 



* Solution = 1040OC (1900°F), 2 hours, A.C. 
Age = 705OC (1300°F), 100 hours, A.C. 

** Solution = 980OC (1800OF), 2 hours, A.C. 
Same Age as other alloys 


+ Phase detected 
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TABLE XX 

X-RAY DIFFRACTION RESULTS FOR SOLUTION AND 
AGE ALLOYS - STRENGTHENING PHASES* 


Alloy 

y* (a; A) 

II 

T 

n 

la 

3.583 

+ 

+ 

lb 

3.598 

+ 

+ 

2c 

3.587 

+ 

+ 

2b 

3.569 

+ 

+ 

2c 

3.589 

+ 

+ 

2d 

- 

- 

- 

2e 

3.606 

+ 

+ 

2f 

3.602 

- 

+ 

3a 

3.577 

- 

- 

3b 

3.575 

- 

- 

3c 

3.583 

- 

- 

3d 

3.580 

- 

- 

4** 


+ 

+ 

5** 


+ 

+ 


Solution = 1040°C (1900°F), 2 hours, A.C. 
Age = 7050c (1300<>F), 100 hours, A.C. 

Solution = 980°C (1800°F), 2 hours, A.C. 
Same Age as other alloys 


+ Phase detected 
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TABLE XXI 

X-RAY DIFFRACTION RESULTS FOR THE ORIGINAL 
DIRECT AGE ALLOYS - SECONDARY PHASES * 


Alloy MC (a; A) Laves (a, c; A) M 3 B 2 (a,c;A) 


la 

4.420 

4.85, 7.90 

- 

lb 

4.422 

+ 

+ 

2a 

4.408 

+ 

- 

2b 

4.404 

- 

+ 

2c 




2d 




2e 

4.413 

+ 

- 

2f 

4.410 

- 

- 

3a 

4.384 

- 

- 

3b 




3c 




3d 

4.393 

- 

— 

Age 

= 7300C(1350°F) , 8 
to 620OC (1150OF) 

hours, F.C. at 38<>C (100OF) 
and hold for 8 hours, A.C. 

per hour 


+ Phase detected 
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TABLE XXII 

X-RAY DIFFRACTION RESULTS FOR THE DIRECT AGE ALLOYS 
ALLOYS AFTER RE ROLLING - SECONDARY PHASES * 


Alloy 

MC (a; A) 

Laves 

M 3 B 2 

la 

4.418 

+ 

- 

lb 

4.422 

+ 

- 

2 a 

4.406 

- 

- 

2 b 

4.404 

- 

- 

2 e 

4.413 

- 

- 

2 f 

4.407 

_ 

_ 


* Age = 730OC (1350OF), 8 hours, F.C. at 380C (100°F) per hour 
to 620°C (1150°F) and hold for 8 hours, A.C. 

+ Phase detected 
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TABLE XXIII 

X-RAY DIFFRACTION RESULTS OF THE DIRECT AGE 
ALLOYS - STRENGTHENING PHASES * 


Alloy 

r‘ (a; A) 

II 

y 

la 

3.629 

strong 

lb 



2a 

3.616 

strong 

2b 



2c 


strong 

2d 



2e 

3.595 

strong 

2f 

3.587 

strong 

3a 

3.568 

- 

3b 



3c 



3d 

3.577 



* Age = 730°C (1350°F), 8 hours, F.C. at 380C (100<>F) per hour 
to 620OC (1150°F) and hold for 8 hours, A.C. 
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TABLE XXIV 

EFFECT OF C ON THE Cb AVAILABLE 
FOR y" PRECIPITATION 


Alloy 

At.%Cb 

At.%C 

0.8C 

la 

3.33 

0.197 

0.158 

lb 

3.32 

0.250 

0.200 

2a 

2.06 

0.190 

0.152 

2b 

2.00 

0.200 

0.160 

2c 

1.96 

0.196 

0.157 

2d 

1.98 

0.198 

0.158 

2e 

1.92 

0.198 

0.158 

2f 

1.90 

0.196 

0.157 

3a 

0.720 

0.152 

0.122 

3b 

0.706 

0.149 

0.119 

3c 

0.712 

0.150 

0.120 

3d 

0.705 

0.100 

0.080 

4 

3.18 

0.194 

0.155 

5 

3.43 

0.193 

0.154 


At. % Cb Available 

for y"» n %ACb 


3.17 

4.8 

3.12 

6.0 

1.91 

7.3 

1.84 

8.0 

1.80 

8.2 

1.82 

8.1 

1.76 

8.3 

1.74 

8.4 

0.600 

16.7 

0.587 

16.9 

0.592 

16.9 

0.625 

11.3 

3.03 

4.7 

3.28 

4.4 
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TABLE XXV 

THE EFFECT OF AL, TI AND CB ON PHASES 
PRECIPITATED IN ALLOY 718 


ALLOY 

Cb 

A1 

Ti 

(Ti+Al )* 
Cb 

Ti* 

Cb 

PRECIPITATE 

Std. 718 

5.20 

0.55 

0.85 

0.690 

0.300 

y'^y'); « 

CWRU 

1 

5.31 

0.55 

0.87 

0.655 

0.318 

t-Ct'); n 

2 

3.00 

0.55 

0.87 

1.135 

0.550 

y"V; ? 

3 

1.10 

0.55 

0.87 

3.357 

1.690 

y'(y"); ? 

NEW 

4 

3.49 

0.53 

1.09 

1.090 

0.580 

y" + y'; ? 

5 

3.89 

0.52 

1.27 

0.970 

0.620 

y"V; ? 


* Ratios are from atomic*/., all others are in weight 


►tnpe r oture capability for 
100 hr life 03) 20,000 psi, 
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FIGURE 1: EVOLUTION OF SUPERALLOY USE TEMPERATURE (REF. 1) 



121 



ATOMIC % SOLUTE 


FIGURE 2: EFFECT OF SOLUTE ELEMENTS ON THE SOLID SOLUTION (Ni-BASE) 

LATTICE PARAMETER (6). 



FIGURE 3: EFFECT OF SOLUTE ELEMENTS ON THE ROOM TEMPERATURE FLOW 

STRESS (6). 
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FIGURE 4 
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c « 7.406 A 
c/a * 2.044 


(a) FCC Ll 2 N1 3 Cb LATTICE AND APPROXIMATE LATTICE 
PARAMETER; (b) BCT D0 22 Ni3Cb LATTICE AND APPROXIMATE 
LATTICE PARAMETER (18). 
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FIGURE 5: STRUCTURE OF THE LAVES PHASE 

(HERE WITH AN AB 2 STRUCTURE) (66). 


yl-atoms are somewhat larger than the .B-atoms. 
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FIGURE 6: CANDIDATE ELEMENTS FOR THE A AND B ATOMS OF THE LAVES 

PHASE (65). 
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Micktl C«nt«nt - % 


FIGURE 7: EFFECT OF Ni CONTENT ON ROOM TEMPERATURE STRENGTH AND 

ELEVATED TEMPERATURE lOO-HOUR STRESS-RUPTURE STRENGTH 
(BASE COMPOSITION: N1-Fe-15Cr-6Cb-3Mo-0.6Al-0.6Ti) (38). 
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FIGURE 9: EFFECT OF (A1 ♦ Ti) ON ROOM TEMPERATURE STRENGTH AND 

ELEVATED TEMPERATURE lOO-HOUR STRESS-RUPTURE STRENGTH 
(BASE COMPOSITION: 53N1-21CR-18Fe-4Cb-2Mo) (38). 
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FIGURE 10: EFFECT OF TEMPERATURE ON MINOR PHASE FORMATION IN 

INCONEL ALLOY 718 (49). 






Solution Temperature, F / 1 hr./A.C 
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FIGURE 12: EFFECT OF DEFORMATION TEMPERATURE ON THE FINAL STRUCTURE 

OF INCONEL ALLOY 718 (2). 
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Fig- 9— Schematic representation of the steps in the 
mechanism of stress-rupture of the experimental alloy 
at 1600*F. Axis of tension is vertical, (l) Intragranular 
Y # » ® Agglomerated y\ (5) Agglomerated M^Ci, ® Ma- 
trix depleted of y* , (|) Microcracks at M^Cg-depleted 
tone interfaces. 


FIGURE 13: SCHEMATIC REPRESENTATION OF THE STEPS IN THE MECHANISM 

OF COBLE CREEP (91). 
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1081 SOURCES OF U. S. AEROSPACE 
STRATEGIC MATERIALS 

CHR0MIUM-90% IMPORTED COBALT-93% IMPORTED 




C0LUMBIUM-100% IMPORTED TANTALUM -01% IMPORTED 



STRATEGIC MATERIAL PRICES ARE VOLATILE AND UNPREDICTABLE 



FIGURE 14: (a) SOURCES OF STRATEGIC METALS, 

(b) RECENT PRICE CHANGES OF METALS (112) 



FIGURE 15: SOLUTION AND AGE HEAT TREATED ALLOY la. 

SOLUTION: 1040OC (1900°F), 2 HOURS; 

AGE: 705OC (1300<>F), 100 HOURS. 5000X. 
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FIGURE 16: SOLUTION AND AGE HEAT TREATED ALLOY la. 

SOLUTION: 930°C (1700°F), 2 HOURS; 

AGE: 705OC (1300°F), 100 HOURS. 10000X. 




FIGURE 17: SOLUTION AND AGE HEAT TREATED ALLOY la. 

SOLUTION: 1040OC (1900°F), 2 HOURS; 

AGE: 815°C (1500°F), 25 HOURS. 
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FIGURE 18: SOLUTION AND AGE HEAT TREATED ALLOY lb. 

SOLUTION: 1040°C, 2 HOURS; 

AGE: 7050c, 100 HOURS. 


136 







I War l|l 
r ' :;v f-Kx 


spi«asii*i; 


FIGURE 19: SOLUTION AND AGE HEAT TREATED ALLOY 2a. 

SOLUTION: 1040OC, 2 HOURS; 

AGE: 705°C, 100 HOURS. 



FIGURE 20: SOLUTION AND AGE HEAT TREATED ALLOY 2b, c and d. 

SOLUTION: 1040OC, 2 HOURS; 

AGE: 705OC, 100 HOURS. 
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FIGURE 21: SOLUTION AND AGE HEAT TREATED ALLOY 2e. 

SOLUTION: 1040°C, 2 HOURS; 

AGE: 705OC, 100 HOURS. 
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FIGURE 22: SOLUTION AND AGE HEAT TREATED ALLOY 2f. 

SOLUTION: 1040OC, 2 HOURS; 

AGE: 705°C, 100 HOURS. 
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FIGURE 23: SOLUTION AND AGE HEAT TREATED ALLOY 3a, b, c and d. 

SOLUTION: 980°C (1800°F), 2 HOURS; 

AGE: 705OC (130QOF), 100 HOURS. 
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FIGURE 24: GRAIN SIZE OF ALLOYS STUDIED AS A FUNCTION OF 

SOLUTION TEMPERATURE FOR VARIOUS Cb CONTENTS. 
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FIGURE 26: SOLUTION AND AGE HEAT TREATED ALLOY 4, 

SOLUTION: 980<>c (1800°F), 2 HOURS; 

AGE: 705OC (1300°F), 100 HOURS. 
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FIGURE 27: SOLUTION AND AGE HEAT TREATED ALLOY 5. 

SOLUTION: 980°C, 2 HOURS; 

AGE: 705°C, 100 HOURS. 
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KIPKT l Cb 


FIGURE 28: HARDNESS OF ALLOYS STUDIED AS A FUNCTION 

OF Cb CONTENT IN SOLUTION AND AGE CONDITION. 
RANGE OF HARDNESS IS SHOWN. 
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FIGURE 29: HARDNESS OF ALLOYS STUDIED AS A FUNCTION 

OF CB CONTENT IN SOLUTION AND AGE CONDITION. 
RANGE OF HARDNESS IS SHOWN. 
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FIGURE 30: TENSILE STRENGTH OF ALLOYS STUDIED AS A 

FUNCTION OF Cb CONTENT. 










FIGURE 33: MINIGRAIN STRUCTURE OF ALLOY 718. 
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FIGURE 34: HARDNESS OF ALLOYS STUDIED AS A FUNCTION OF 

Cb CONTENT IN VARIOUS PROCESS CONDITIONS. 
RANGE OF HARDNESS IS SHOWN. 





152 



FIGURE 35: REPROCESSED ALLOY la; 

BEFORE AGE HEAT TREATMENT. 
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FIGURE 36: REPROCESSED ALLOY lb; 

BEFORE AGE HEAT TREATMENT. 
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FIGURE 38: REPROCESSED ALLOY 2e AND f; BEFORE AGE 

HEAT TREATMENT, a) AHOY 2e; b) ALLOY 2f 
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FIGURE 39: DIRECT AGE ALLOY la. AGE: 730<>C, 

8 HOURS F.C., 620°C, 8 HOURS, A.C. 
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FIGURE 40: DIRECT AGE ALLOY lb. AGE: 730<>c, 

8 HOURS F.C., 620OC, 8 HOURS, A.C. 
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FIGURE 41: DIRECT AGE ALLOY 2a AND b. AGE: 730<>C, 8 HOURS, 

F.C., 620OC, 8 HOURS, A.C. a) ALLOY 2a, b) ALLOY 2b. 
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FIGURE 42: DIRECT AGE ALLOY 2e AND f. AGE: 730OC, 8 HOURS, 

F.C., 620OC, 8 HOURS A.C. a) ALLOY 2e, b) ALLOY 2f. 
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TIME (minutes) 


FIGURE 46: HARDNESS OF ALLOYS 3a, b, c, AS A FUNCTION of 

705OC ( 1300°F) AGE TIME. ALL ALLOYS 
SOLUTIONED AT 1040OC (190QOF). 



FIGURE 47: SOLUTION AND AGE ALLOY la; 

(Al+Ti)/ C b = o.655 PREDOMINANTLY y" PRECIPITATION. 
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35KU X 1 0000 


FIGURE 48: SOLUTION AND AGE ALLOY 2a; 

(Al+n)/cb = 1.135 BALANCED y' AND y" PRECIPITATION, 
a) ALLOY 2a; b) ALLOY 2f. 
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FIGURE 49: SOLUTION AND AGE ALLOY 3a; 

(Al+Ti)/cb = 3.357 PREDOMINANTLY y" PRECIPITATION 


6 
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FIGURE 50: TYPE OF STRENGTHENING PRECIPITATES IN 

ALLOY 718 AS FUNCTION OF (Al + Ti ) AND Cb. 




0.2 0.4 0.6 0.6 1.0 

Ti/Cb (Atomic !.) 


FIGURE 51: TYPE OF STABLE (OVERAGED) PHASE PRECIPITATED 

IN ALLOY 718 AS A FUNCTION OF Ti AND Cb. 
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HARDNESS 



TIME (minutes) 


FIGURE 52: HARDNESS OF ALLOYS la, 2a, 3a AS A FUNCTION 

OF 705OC (1300°F) AGE TIME. 

ALL ALLOYS SOLUTIONED AT 10400c (1900°F). 
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FIGURE 55: ORIGINAL DIRECT AGE ALLOY la, 

BEFORE AGE HEAT TREATMENT. 








FIGURE 56: ORIGINAL DIRECT AGE ALLOY 2a, 

BEFORE AGE HEAT TREATMENT. 


FIGURE 57: ORIGINAL DIRECT AGE ALLOY 3a, 

BEFORE AGE HEAT TREATMENT. 


aU.S. GOVERNMENT PRINTING OFFICE: 1985/559/109/10424 





16. Abstract 

Inconel Alloy 718 is a Nickel-Iron-base superalloy strengthened by the precipitation of the metastable 
NigCb-y" phase. Large coherency strains between y" and the matrix result in a slow precipitation 
rate and an intermediate maximum use temperature. The combination of slow precipitation rate and the 
relative formability and machinability of Alloy 718 make it a popular material for the fabrication of 
superalloy components. The dependence on foreign sources of Cb has pointed out the desirability of 
reducing the Cb content of Alloy 718 while maintaining the tensile and stress-rupture properties of 
the original alloy. The purpose of this investigation was to determine the effects of reduced Cb, and 
substitutions for Cb, on the properties of Alloy 718. A series of alloys was developed having a base 
composition similar to Alloy 718, with reduced Cb levels of 3.00 and 1.10 wt% Cb. Substitutions of 
3.0% W, 3.0W + 0.9V or Mo increased from 3.0 to 5.8% were made for the Cb in these alloys. Two addi- 
tional alloys, one containing 3.49% Cb and 1.10% Ti and another containing 3.89% Cb and 1.29% Ti were 
also studied. Solution and age heat treatments were optimized for each alloy to develop a proper 
microstructure. Some alloys were also processed by direct aging for substitution in the high strength 
applications of standard alloy. Tensile properties at room and elevated temperatures, stress-rupture 
tests and an analysis of extracted phases were carried out for each of the alloys. The reduction in 
Cb content required the substitution of other elements to maintain the properties of the original 
alloy. Additions of solid solution elements to a reduced Cb alloy had no significant effect on the 
properties of the alloys under either process condition. The solution and age alloys with substi- 
tutions of 1.27% Ti at 3.89% Cb had tensile properties similar to those of the original alloy and 
stress-rupture properties superior to the original alloy. The improved stress-rupture properties were 
the result of significant precipitation of NigTi-y' in the alloy, which is more stable thany" at 
the elevated temperatures* At lower temperatures the new alloy benefits fromy" strengthening* With 
more precise control and proper processing, the reduced Cb direct-age alloy could substitute for 
Alloy 718 in high strength applications. 


17. Key Words (Suggested by Author(s)) 

Nickel alloys 
Col umbi um 
Superal loys 


18. Distribution Statement 


Unclassified - unlimited 
STAR Category 26 


19. Security Classif. (of this report) 

Unclassified 


20. Security Classif. (of this page) 

Unclassified 


21. No. of pages 

178 


'For sale by the National Technical Information Service, Springfield, Virginia 22161 









National Aeronautics and 
Space Administration 

Washington, D.C. 

20546 

Official Business 

Penalty for Private Use, $300 




1348 


1776 


IL 




‘S'* 



Postage and Fees Paid 
National Aeronautics and 
Space Administration 
NASA-451 







POSTMASTER: 


If Undeliverahle (Section 15* 
Postal Manual) Do Not Return 



